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Abstract 
Interdiffusion along grain boundaries can lead to shift of grain boundaries in form of 
Grain Boundary Diffusion Induced Grain Boundary Migration, DIGM, in systems 
forming wide range solid solutions, and to the Grain Boundary Diffusion Induced Solid 
State Reactions, in systems containing intermetallic phases. If, during above processes, 
the grain size of the sample is smaller than the double of the migration distance 
complete homogenization can also be reached (cold homogenization). Atomic 
mechanisms and phenomenological description of such alloying are reviewed. The main 
driving force, at low temperatures where the bulk diffusion is completely frozen out, 
arises from the unequality of the grain boundary atomic fluxes, leading to stress 
accumulations. The cold homogenization is  the manifestation of such stress relaxations. 
Reviewing experimental data, we illustrate that DIGM takes place on both sides of a 
binary AB thin film and the solute content in the DIGM zone is higher on the side of the 
component of higher melting point (i.e. in the slower component). In binary systems 
containing intermetallic compounds the cold homogenization can lead, either to the 
formation of a given stoichiometric compound, or to two phase equilibrium, in 
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accordance with the phase diagram. Different possible applications are likewise 
surveyed.     
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1. Introduction 
Diffusion induced grain boundary migration, DIGM, which was discovered and 
identified in 1972 by den Broeder [1], happens if interdiffusion of two chemically 
different species along a grain boundary, GB, induces a transverse shift of the GB. This 
effect is observed at temperatures typically below 0.5 Tm (Tm is the melting temperature 
in Kelvin). A common example of DIGM is seen if e.g. a polycrystalline thin film is 
heat treated in a vapor of an another element and the vapor atoms diffuse into the GB 
faster than the out diffusion of the atoms of the film. Fig. 1.1a illustrates schematically 
the basic phenomenon in a binary system [2].  
 
Fig.1.1 DIGM schematically [1]: a) solute atoms diffuse into the GB of a pure thin film 
or b) solute atoms diffuse out of the GB of an originally alloyed film. The GB motion 
leads to the formation of an alloyed or de-alloyed zone in its wake (see also the text).      
The perpendicular GB motion is usually not uniform along the boundary and 
different segments can move even opposite directions forming bulges on both sides 
(Fig. 1.2. [3]). In addition the volume swept by the moving boundary has a significantly 
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different composition; in case a) of Fig. 1.1 alloying of the originally pure film happens 
(enrichment by the solute), while in case b) the swept area is depleted with the solute 
element (de-alloying): see also the corresponding chapters of recent handbooks [4][5].  
In thicker polycrystalline samples (in contrast to the schematic picture shown in Fig. 
1.1) GBs migrate only in the regions close to the initial surface (the exposed thickness 
obviously depends on the penetration depth of the GB diffusion) and the deeper regions 
remain unchanged (Fig. 1.3). It turned out that similar phenomena can be observed not 
only in metallic, but in a number of oxide systems (see e.g. the reviews [6][7][8]) and in 
semiconductors [9] too. In addition to DIGM an interesting phenomenon, the so called 
Diffusion Induced Recrystallization, DIR, was also observed already in the very early 
time of DIGM [1][10][11][12]: nucleation of entirely new grains at the GBs, with a 
characteristic, increased and homogeneous solute content. These observations, already 
just after the recognition of the above effects (see also Section 2 below), evoked ideas 
for practical applications, such as surface alloying/dealloying or even production of 
homogeneous reaction products in nanocrystalline thin film couples 
[13][14][15][16][17][18] [19][20][21]. In this review we restrict ourselves to DIGM in 
metallic systems.     
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Fig. 1.2 Optical micrograph illustrating the surface relief that accompanies the 
zincificacion of an iron foil, heated in Zn vapour for 4 h at 600 C
o
 [3]. Interference 
contrast, x700.  
 
Fig. 1.3 Schematic diagram illustrating DIGM in thin (a) and thick specimens, 
respectively [22]. 
As we will see in the next chapters, especially after the well devised experiment 
by Hillert and Purdy [3] in 1978, a huge number of publications appeared and widened 
our knowledge on different varieties of possible effects all evoked by the interdiffusion 
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along the GBs. The central question, which has been put about DIGM was the 
following: why does it occur at all (see e.g. [6] [23])? As we will see below the main 
effect is the relaxation of diffusion induced stresses. First, one has to make a clear 
distinction between the cases when the bulk diffusion is completely frozen out (this is 
the main subject of this review) and when some bulk penetration of the diffusing atoms 
into the bulk just ahead of the moving boundary can happen. In the latter case the 
original idea of Hillert [24] provides the basic of the widely used coherency strain 
model ([6][16]); the bulk penetration of the solute first creates an alloyed, coherent zone 
near the GB. Since, either the sizes of the solute and matrix atoms are different or the 
bulk diffusion coefficient of the solute differs from that of the matrix (related also to the 
bulk Kirkendall effect, see also Chapter 3) there is an accumulation of bulk diffusion 
induced stress free strain (the diffused in zone is constrained to the large unalloyed 
part). It is quite widely accepted that this coherency stain energy is the dominant 
contribution to the driving force for DIGM at relatively high temperatures where some 
bulk penetration happens [6][25]. The relaxation of the above diffusion induced stresses 
can happen in different ways: i) the boundary shifts (DIGM), ii) if the stress (related to 
the induced stain) is high enough, then the coherency can be lost and even new grains 
(with different compositions than the original matrix) can nucleate [26], i.e. diffusion 
induced recrystallization, DIR, takes place. There are numerous papers in the literature, 
which treat different details of the above relaxations or discuss additional driving forces, 
other than originating from the coherency strain (see also the Chapters 2 and 5), and of 
course the role of the GB structure [6][16][17][25]. If the bulk diffusion is completely 
frozen out, the stress caused by the GB diffusion induced strain (in the GB layer) can 
relax only by the shift of the boundary and thus at low temperatures mainly this is what 
has been observed [27]. In this case the situation is very similar to the bulk 
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interdiffusion [28][29]: if the resultant volume flow AJA–VAJA is not zero in a binary 
diffusion couple (i.e. if the     products are different see e.g. Eq. (60) in [28]), a 
diffusion induced strain is created, which can be relaxed by the classical Kirkendall shift 
(i and Ji are the atomic volumes and atomic fluxes: Ji = −Digradρi, respectively and Di 
and ρi denote the intrinsic diffusion coefficient as well as the density). The main 
difference is that while this shift is parallel with the direction of the atomic fluxes, in 
case of GB interdiffusion the shift is perpendicular to the GB along which the 
interdiffusion takes place (see Chapter 3). Once more, if the grain size of the sample is 
smaller than the double of the migration distance complete homogenization can also be 
reached (cold homogenization) [21]. 
The organization of this review is as follows. After summarizing the most 
important historical milestones of the grain boundary interdiffusion (Chapter 2), we 
provide general, phenomenological description of DIGM at low temperatures (Chapter 
3). In Chapter 4 the possible atomic mechanism of this low temperature DIGM will be 
described, while in Chapters 5 and 6 we will shortly summarize the features of high 
temperature DIGM and DIR. Chapter 7 describes the temperature dependence of 
DIGM, i.e. the transition between the low and high temperature regimes. In Chapter 8 it 
will be treated what happens when instead of a solid solution, for which most of the 
present theories apply, intermetallic compounds form at low temperatures. We will 
name this as grain boundary diffusion induced solid state reaction, GBDIREAC. 
Chapter 9 provides a review of experimental data. Again the primary emphasis will be 
given to GB interdiffusion at low temperatures. In Chapter 10 the possible applications 
will be reviewed. The main points addressed are: cold homogenizations of thin films 
(i.e. when the GB migration distance is larger than the half of the grain size) and 
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whether during cold homogenization with GBDIREAC the system can reach the 
equilibrium (two- or multiphase) state dictated by the equilibrium phase diagram or not. 
Different possible applications (lead free soldering at low temperatures, nanoscale 
metallization, thin films for perpendicular magnetic data recording, nanoscale sintering) 
will be also considered. Chapter 11 contains the unsolved questions.  
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2. Historical perspective 
First of all, it is worth mentioning that, before the DIGM was recognized, it was a 
common view that e.g. surface alloying in polycrystalline materials can happen by a 
combination of bulk and GB diffusion in the so called A-regime of GB diffusion [30]  
(see Fig. 2.1, after Fig. 7 in [31]). In this case, besides the diffusion along standing GBs, 
there is a considerable penetration into the adjoining grains and if the bulk diffusion 
penetration distance is larger than the half of grain size then an alloyed zone can be 
formed in the surface layer. Only this model failed to explain the orders of magnitude 
higher bulk diffusion coefficients obtained, than those extrapolated from volume 
diffusion data in single crystals at high temperatures. Thus it turned out that such an 
alloying or de-alloying of polycrystalline materials could have occurred only by 
combination of GB interdiffusion and GB migration, i.e. by DIGM.                    
 
Fig. 2.1 Three types of GB diffusion regimes after Harrison [30]: d and  are the grain 
size and the GB width, respectively, and (D’t)1/2is the bulk penetration distance (D’ is 
the volume diffusion coefficient and t is the annealing time) [31].  
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               Most probably the first observation of such GB migration was published by 
Rhines and Montgomery in 1938 [32] during the Zn diffusion into a Cu bicrystal,. The 
next pioneering papers, from practically independent observations of the groups, are by 
den Broeder in 1972 [1], Tu in 1977 [33], Hillert and Purdy in 1978  [3] and Cahn et al. 
in 1979 [34]. In addition DIGM was identified in solid-liquid mixtures by Yoon and 
Huppmann in 1979 [35]. As it was already mentioned in the introduction, in the paper 
by Hillert and Purdy [3] the essential experimental features of DIGM were established 
and the authors also pointed out the close relation of this phenomenon to discontinuous 
precipitation. Following the above mentioned observations a large interest in DIGM has 
been developed and many communications were published on new experimental results 
and on the possible driving forces.                    
 Regarding the possible driving forces, the suggestion by Hillert [24] on the 
coherency strain energy in the solute diffusion zone ahead of the moving GB evoked the 
largest interest. This idea, in fact, was based on the initial proposal of Sulonen for 
discontinuous precipitation [36]. Hillert [24] found that the driving force per unit area of 
GB in an elastically isotropic material is given by (in notations used in [37]) 
        
      
    
   
     
 ,     (2.1) 
where E is the Young modulus,   is the Poisson ratio,   is the misfit parameter (relative 
change in lattice spacing per unit change in solute mole fraction) and c’+, c’– are the 
solute mole fractions in the bulk well in front of and well behind the GB (see also [37]). 
Although the elastic driving force arises from elastic stresses it is not an elastic force in 
the usual sense [37]. It was already mentioned by Hillert [24], that the actual coherency 
strain energy itself is not too high, but the driving force, which has also a chemical 
nature via the bulk intermixing, can be considerable (see also Chapter 5.2 too). In 2004 
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Penrose [37] has provided a complete and elaborate description (in term of the elastic 
energy-momentum tensor in general anisotropic solid: see also Chapter 5.2) and has 
shown that the relation (2.1) is still valid when c’+ and c’-  are not small (as was 
originally assumed by Hillert) and has given a generalized formula for Y=E/(1- ), valid 
for anisotropic solids. Furthermore, he made predictions on the direction of motion of 
the GBs, in accordance with the qualitative description of Sutton and Balluffi [23]; the 
solute atoms initially diffused into the GB begin to penetrate into the two adjoining 
crystals and if the boundary layer is asymmetric the GB will be driven to move toward 
the crystal with the higher strain energy in order to consume it. An another contribution 
to this type of shift can be the stress relaxation by plastic flow on one side of the GB 
[25]: the formed dislocations take up the lattice parameter change between the enriched 
and original regions. Indeed, such dislocation arrays were observed [3][38] (Fig. 2.2). 
There is a key parameter [25] [37] in the coherency strain energy model: D’/v, where D’ 
is the bulk diffusion coefficient and v is the GB velocity. It is required that the length 
scale for composition variation and elastic deformation must be larger than the 
thickness, , of the boundary: 
         .       (2.2) 
It is important to emphasize that at low temperatures this condition does not fulfills (i.e. 
there is practically no bulk diffusion penetration), but some of the experimental results 
indicated that DIGM still occurred [6][39]. The most probable resolution of this 
contradiction, although there are other propositions in the literature for it (either noting 
that the continuum models are not able to include some diffusion along the outer layers 
of both grains, carrying enough solute [25], or the continuum models naturally should 
not be accurate along bulk diffusion distances comparable with the lattice spacing 
[39][40]), is the idea proposed by Cahn et al. in 1979 [34] and, in a more elaborated 
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form by Balluffi and Cahn in 1981 [2]; there exists a shift of the GB without bulk 
penetration.    
 
Fig. 2.2 Dislocation array left behind the moving boundary (after Hillert and Purdy  [3], 
x3500) 
 In [2] the authors not only gave a plausible explanation on the driving force, but 
also offered an atomistic mechanism for the GB migration if the bulk diffusion is frozen 
out. The principal idea is the difference of the GB diffusivities of the elements in binary 
systems. This is really similar to the bulk interdiffusion by vacancy mechanism: the 
inequality of the diffusion coefficients (and therefore the opposite atomic fluxes) leads 
to Kirkendall shift (parallel with the diffusion direction). Although it was not 
emphasized in [2], in general the Kirkendall shift (in the form of GB shift) can be seen 
as a way of relaxation of diffusion induced strains, grown by the GB interdiffusion 
itself. In fact the Darken description of the bulk interdiffusion is based on the 
presumption that the stress relaxation by lattice shift is complete and fast enough [29]. 
So a similar macroscopic treatment of GB interdiffusion is possible if one takes into 
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account that in the GB case the diffusion induced strain can be relaxed by the shift of 
the boundary (perpendicular to the GB plane: see Chapter 3 below). Balluffi and Cahn 
[2] (and also Smith and King [41], which was published at the same time) rather 
concentrated on the atomic mechanism of the GB shift: the GB dislocation, present in 
the GBs, can be sinks of extra atoms arriving in, due to the inequality of the atomic 
fluxes of the solute and matrix atoms. This causes a climb of these GB dislocations 
along the GB and the GB steps, belonging to these GB dislocations, will be shifted, 
resulting in displacement of the GB perpendicular to the boundary plane.   
 So interestingly, both high and low temperature limits of DIGM are related to 
elastic stresses accumulated by the diffusion mixing itself (i.e. created either by the 
unequal diffusion fluxes or by the difference of the atomic volumes or by both [29]), 
and to their relaxations. The ways of stress relaxations, besides the main effects (i.e. the 
shift of the boundary and alloying), can be much diversified.  Indeed there are many 
experimental indications that in both cases the relaxation of these stresses can also cause 
additional spectacular effects: formation of dislocations (see Fig. 2.2), micro-twinning 
(see Fig. 2.3) [27], stacking faults by vacancy deposition during DIGM [42], nanopore 
formation along GB triple junctions [43], expansion of volume elements perpendicular 
to the boundary plane (edge formation) [44], surface relief formation and shape change  
[45], faceting of the migrating GBs [46] (see Fig. 2.4), etc. It is also worth mentioning, 
confirming some indications in the literature [17], that the role of the inequality of the 
bulk atomic currents can have also a contribution to the DIGM at high temperatures, 
where the role of bulk diffusion is important.      
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Fig. 2.3 Micro-twinning at grain boundaries of Cu95Zn5/Cu after 120h at 300
o
C (x400) 
[27]. 
It is interesting that a deeper understanding and explanation of DIR came into 
existence only in 2010 [26]. Before this, in many reviews on the topic (see e.g. [6] [25]), 
open questions related first of all to the driving force and nucleation were emphasized, 
although the role of the coherency strain in the region ahead of the GB was accepted as 
one of the important factors [6]. The breakthrough was achieved by the paper of 
Schmitz et al. [26]. It was shown in [26] that if the (bulk) diffusion induced stress 
exceeded 70% of the critical maximum shear strength of the matrix then a break of 
coherency happened and on the basis of this thermoelastic model (taking into account 
the size mismatch of the solute and matrix atoms) predictions on whether DIR can be 
expected or not and also on the characteristic solute content levels were given (see also 
Chapter 6). 
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Fig. 2.4 DIGM of asymmetric 19a{133} tilt boundary exhibiting facets (Zn diffusion 
into Cu bicrystal [46]). z is a coordinate measured from the free surface. 
Ultimately, it has to be noted that investigations of the so called cold 
homogenization by DIGM [21] (i.e. when the GB migration distance is larger than the 
half of the grain size in nanocrystalline bilayers or multilayers and the bulk diffusion is 
frozen out) became the most actively studied area in the last two decades [20][47][48]. 
The key issues here are the following: i) what about the GB velocity (is it constant or 
has time dependence leading to termination of the GB shift), ii) what are the 
compositions in the DIGM zone on both sides of the bilayered nanocrystalline films and 
how they depend on the temperature, iii) in case of reactive diffusion (GBDIREAC) the 
terminal state of the initially pure A/B nanocrystalline film is in accordance with the 
equilibrium phase diagram or not?  These questions will be treated in Chapters 3, 8, 9 
and 10.    
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3. Phenomenological description of interdiffusion along grain boundaries in 
binary systems, if the bulk diffusion is completely frozen out 
 There is a long standing debate in the literature about the description of the grain 
boundary (GB) interdiffusion itself [2][44][45][49][50]. This can be contrasted with the 
two clear extremes of bulk interdiffusion. For bulk diffusion the Darken ’s limit with the 
Kirkendall-shift (as a way of easy and complete relaxation of diffusion induced stresses, 
equalizing the initially different intrinsic fluxes of the two components) as well as the 
Nernst-Planck limit (where the gradients of diffusion stresses equalize the initial fluxes) 
[29] are the two limits with interdiffusion coefficients   
    
   
    
   
  and    
  
  
   
       
    
   
   , respectively [29] [28] [51] (   
 
and    
 
are the atomic fractions in 
the bulk). 
 During GB interdiffusion in a binary, approximately ideal, system the unequality 
of the two intrinsic GB diffusion coefficients and the atomic sizes lead to an imbalance 
in the GB “volume” transport (i.e. AJAAJA) and a non-uniform stress free strain [28]  
developes which can create deposition/removal of atoms in the boundary plane even if 
the bulk diffusion is completely frozen out [2]; this is what we will assume below. This 
stress free, or diffusion induced, strain is equvivalent to a diffusion stress and can also 
lead to the shift of the boundary perpendicular to the GB plane, leading to DIGM (we 
use the note “stress free strain” in the sense as it was introduced by Stephenson [28]). 
We emphasize again that at low temperatures where the bulk diffusion is frozen out, the 
driving force for such migration cannot originate from the well-known coherency strain 
produced by bulk penetration ahead of the moving boundary, but definitely the above 
mentioned difference of the GB fluxes plays the determining role. At the same time not 
only the shift of the boundary can happen, but  – as a manifestion of another ways of 
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stress relaxation – surface relief and GB wedges of extra atoms can form [18][44], GB 
Kirkendall porosity formation can appear [43] and the stress accumulation can also slow 
down the boundary motion [45].  
In the literature typically the following two limits are discussed:  
a) The GB velocity and the composition left behind the sweeping boundary is 
estimated neglecting the stress accumulation [2] [50].  
b) Assuming that the boundary does not move and after a transient period the stress 
gradients will cease the difference between the fluxes. Hence the diffusion 
induced deformations and the concentration distributions can be estimated 
[44][45][49].       
For instance in their classical work Balluffi and Cahn [2] developed a model 
(analogous to bulk interdiffusion of Darken-type) giving an atomistic interpretation of 
the boundary shift: the difference of the diffusion fluxes cause a self-sustaining climb of 
GB dislocations and motion of the corresponding GB steps (see also Fig. 3.2 below). 
This can be compared with the climb of bulk dislocations by annihilation of vacancies 
leading to bulk Kirkendall-shift. On the other hand, assuming immobile GBs, the 
stress/deformation fields and the composition distributions were calculated in [44] and 
[45].  
It is important to note that in both above limits some problems arise related to the 
meaning of the GB interdiffusion coefficient. Shewmon [45] mentioned that  
“presumably Darken equation should be valid”, and indeed such type of relation was 
suggested in [50], while in [44] the authors argued that although their model was 
analogous to the bulk Nernst-Planck regime, their calculated composition profiles did 
not confirm that the slowest component gave the main contribution to the GB 
interdiffusion coefficient.   
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The following parts of this section contain a unified, general phenomenological 
description of the problem assuming that removal or deposition of atoms (i.e. relaxation 
of diffusion induced stresses) can happen at GB steps, leading to GB shift and thus to 
DIGM.   
3.1. Basic equations and relations in solid solution forming binary systems   
3.1.1. Free standing thin B film in A vapor (the GB diffusion of A is faster 
than B) 
Let us consider first the behaviour of a single grain boundary of   width in free 
standing pure B film of   thickness during diffusion of A atoms from vapor sources on 
both sides (Fig. 3.1).  
3.1.1.1. Flux equations and conservation of mass 
The GB fluxes of the two species, JA and JB, along the direction y (in units of 
atoms per unit time and unit length: the line along which this unit length is taken is 
perpendicular to the plane shown in Fig.3.1), are given by the following expressions at 
the beginning: 
y
cD
J AAA





, y
cD
J BBB





,    (3.1) 
where A  B =  is the atomic volume (i.e. we neglect the size difference of the 
atoms), cA and cB are the atomic fractions of A and B atoms in the boundary. DA and DB 
are the intrinsic diffusion coefficients [4][5], (for the sake of simplicity we assume that 
the GB thermodynamic factor is unity i.e. we consider an approximately ideal system).     
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Fig. 3.1 Scheme of the GB interdiffusion process: material A diffuses into the GB of 
pure B from the gas phase. 
Permit us now look into what happens when the diffusion is switched on. Since 
DA>DB, and JA>JB, accumulation/deposition of atoms takes place (more A atoms arrive 
in than B atoms step out from the GB) and a stress field develops normal to the 
boundary [44][45][49]. Accordingly equations of (3.1) should be corrected with the 
terms proportional to the stress gradient (see also [44]) 
  yT
cD
y
cD
J AAAAA








k , yT
cD
y
cD
J BBBBB








k .  (3.2) 
Here    has its usual meaning.  is the normal traction on the boundary at y and the 
form of the second terms in (3.2) originate from the additional term in the chemical 
potential      [52] (see also e.g. [53] and [54]) and if the syetem is not ideal the 
thermodynamic factor should appear in the denominator of the second term [4][55]. 
Furthermore, assuming that the stresses can relax, at least partly, by the motion of the 
boundary along the direction x with vx velocity, the condition of mass conservation for 
both components can be written in the form; 
AA
xAA cq
v
y
J
t
c







, 
BB
xBB cq
v
y
J
t
c







.      (3.3) 
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The second term in these expressions takes into account the relaxation of stresses by the 
boundary shift and the interchange of atoms between the bulk and the GB during its 
motion. The atomic fractions in the boundary and in the bulk (   and   
  respectively) 
are obviously interrelated: this is taken into account by the qi (i=A,B) factors (see 
below). It is also worth noting that in the following – in accordance with the original 
idea of Baluffi and Cahn [2] (see in details below) or also in accordance with the 
treatment of [44] – we assume that the sum of atomic fractions in the GB is constant 
(i.e. 
        
  
  ) and the ability of the GB to incorporate additional (incoming atoms) 
is simply taken into account by the volume change.  
If only the segregation would be important, then      
         where s is 
the segregation factor. Consideration of the segregation effects is not a trivial task (see 
e.g. [56] [57]), due to the fact that it is difficult to establish the segregation equilibrium 
during the stop and go motion of the boundary [58] and the effective segregation 
coefficient can be even orders of magnitude less than the equilibrium one [57][58]. This 
is why we  – as a first approximation – neglect the classical segregation effects here. On 
the other hand, one also has to take into account that in any atomic picture, with 
simultaneous deposition (or removal) of atoms during the GB shift, the transferred part 
from one bank of the GB (to its other bank) contains not only the A atoms diffused in 
and deposited into the boundary. This means that in the area left behind the moving 
boundary the bulk composition, c’A, will be different from the GB composition, cA. 
Thus, for a complete description one needs the knowledge of qA(c ’A,cA) (see below).  
It is worth mentioning that equations (3.3) differ from (A1) and (A2) of [50] 
where qi=1 was taken and there was a factor of 2 in the second terms, because it was 
assumed that the extra atoms are deposited at both banks of the GB, with composition 
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equal to the GB value. Furthermore, our equations are also different from the equations 
given in [44] (see Eq. (4a) there), where it was assumed that the GB is immobile, and 
the rate of formation of a wedge of extra atoms appears in the second terms instead of 
vx, and the diffusion induced stress gradients were not neglected. In fact we assume here 
that the GB shift in (3.3) is a consequence of the stress relaxation (in analogy with the 
bulk Kirkendall-shift in the Darken regime) and  – in accordance with experimental 
observations – it happens in one direction, but the sign of this can be either positive or 
negative and randomly distributed along the GB plane (depending on the distribution of 
GB steps: see also below).     
 Now we can consider the following limits after a certain transient period:  
a) The GB fluxes are equalized by corrections due to the stress gradients (see the 
second terms in (3.2)) - assuming that the GB does not move, i.e. vx=0: Nernst-
Planck-type limit. 
b) The relaxation of stresses is realized via the shift of the boundary and (if this 
relaxation is fast and efficient enough) one can neglect the second terms in (3.2). 
This is the Darken-type limit. 
 
3.1.1.2. Nernst-Planck limit 
In this limit  – in analogy with bulk interdiffusion – the stress fields should make 
the differences of the atomic fluxes disappear, i.e. there will be no net volume transport, 
and we can assume that vx=0. Then from the condition  
   
    
 
   
  
  , one arrives at   
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The integral of (3.4), assuming that the gradients are zero far from the part of the GB 
where the GB intermixing takes place, gives the condition JA = - JB, and we obtain 
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Here D
NP
 has the form of a Nernst-Planck like interdiffusion coefficient. According to  
(3.6) indeed JA = - JB since cA+cB=1, and thus  
   
  
  
   
  
 .  
We have to add that it is not expected that the Nernst-Planck limit is observed in 
the above “pure” form. First, at the beginning of GB interdiffusion processes, there are 
no diffusion induced stresses and the atomic fluxes are usually different, thus in this 
first stage the Nernst-Planck limit will not be established and the system can approach 
this limit only after a certain time period. Second, usually the GBs are very efficient 
sources and sinks of atoms/vacancies and thus the incoming extra atoms (or extra 
vacancies) can easily build into the GB and in the atomic plains surrounding the GB. 
The stresses can at least partly relax e.g. by the overall expansion of the film, yet if the 
GB does not move. This process is in fact the wegde formation [54][44] at around the 
GBs and can be taken into account by an additional term on the right hand side of (3.3) 
even if vx=0. This was treated in details in [44] for a standing boundary and this wedge 
formation process was also called as a kind of GB Kirkendall effect. The authors of [44] 
also assumed that         and assumed that the extra incoming atoms were 
symmetrically deposited on both sides of the standing GB into the bulk. This wedge 
formation should be distinguished from the case when the stress gradient is completely 
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relaxed  and the deposition of atoms leads to the shift of the GB, as it will be discussed 
in the next section. Since the authors of [44] did allow the wedge formation (what we 
neglected above during the derivation of Eqs. (3.50)-(3.7)) it is not surprising that they 
could not reproduce the relation (3.7), because the wedge formation in fact implies 
some stress relaxation.  As it was mentioned above in real cases the Nernst-Planck limit 
can be reached after some time if the wedge formation (or the shift of the GB) will be 
stopped by certain external constraints (e.g. for bilayers of thin films on a rigid 
substrate: see also Chapter 9.2.1) and the stress gradients developed will be high 
enough. The detailed treatment of such cases would need handling a complicated 
coupled elastictity and GB diffusion problem (see e.g. [54], where the diffusion 
deformation of a pure thin film was described under the stretching effect of the 
substrate).       
3.1.1.3. Darken limit, grain boundary motion as a manifestation of 
Kirkendall shift 
In the case b) we can disregard the terms containing the stress gradients in (3.2). 
In fact the GB shift is accompanied by expansion (or shrinkage) of the material. As it is 
illustrated in Fig. 3.2 the shift of the GB along the x direction is the result of the motion 
of GB steps of  height up or down depending on which side of the boundary these are 
situated, and on whether deposition or removal of atoms during the process takes place. 
Indeed it was mentioned already in 1985 [59] that GB steps can serve as probable 
locations for the initialization of the GB shift. Let us note that this step model can be 
considered as a macroscopic one, although, as we will see below from the comparison 
with an atomic model (in Chapter 4), the value of  in Fig. 3.2 can be in the order of the 
normal component of the Burgers vector of a certain GB dislocation belonging to this 
step.   
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Fig. 3.2 Schematic picture of the GB step mechanism of GB shift (see also the 
text). The flux of A atoms, JA, is oriented down. If the GB step of  height and λ long in 
the material B shifts down by dy (see also the text), the dy/ λdx/  relative volume 
change is transferred to the bulk (the  wide layer is transferred to the + wide one, 
and the considered GB area is λ).  is the average distance between the steps. In the 
left figure the dashed area of the pure B matrix is dy and it expands by dy. 
Let us take a volume element of  long in the boundary: Vo=zn (where zn is the 
unit length perpendicular to the x-y plane shown in Fig. 3.2).  can be taken as the 
average characteristic distance between the steps in the GB. Thus  – assuming that all 
the extra volume deposited in the GB is transferred to the bulk – the time derivative of 
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the relative change of the above volume element should be equal to the sum of the first 
terms on the right hand side in Eqs. (3.3): 
 
  
  
  
 
  
  


        
  
        
    
   
 ,     (3.8a) 
if the diffusion coefficients are constant. Since cA+cB=1, from the sum of Eqs. (3.3) we 
get  
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with qAcA+qBcB=q. Furthermore, the volume change of the bulk during a shift of the 
volume element of Vo by dy is V=dyzn for expansion, i.e. when the step moves down 
as it is shown in Fig. 3.2 ( denotes the expansion in the x-direction caused by 
deposition of extra atoms due to inequality of GB fluxes.)  Thus,  
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Since the velocity of the step along y is related to the velocity of the shift of the step 
along x, the vy/ ratio in (3.8c) can be given as vy/=vx/ (see Fig. 3.2: during the shift 
of the step by a distance  down, the GB shits by a distance ). Thus we have 
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The comparison of Eqs. (3.8) gives that q=/. Thus we have  
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Note that the q=/ factor, which is in fact the relative expansion of the bulk 
along the x direction (Fig. 3.2), was called in [2] as a dilution factor (see also Chapter 
4).  
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In order to get an expression for the GB interdiffusion coefficient one has to put  
vx, as expressed from (3.9), into the first one of (3.3), and obtains  
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Expression (3.11) has a similar form as the bulk interdiffusion coefficient in the Darken 
limit, but the GB diffusion coefficients are weighted by the corrected values of the GB 
atomic fractions. Note that relation (3.11) coincides with the expression (A10) of [50] if 
qA/q=1 as it was implicitly assumed there. 
 It's also worth noting that from a comparison of Eq. (3.9) with the velocity of the 
classical bulk Kirkendall shift (      
    
  
   
 
  
  , we obtain that the main 
difference is that the GB shift velocity is propotional to the second derivative of the GB 
concentration, while vK is proportional to the first derivative of the bulk concentration.  
3.1.1.4. Composition left behind the moving boundary  
As a next step, we demand the knowledge of qA, which can be determined in 
steady state following a similar procedure as used in [2].  Since during the deposition of 
excess atoms the  thick layer of the step in the original grain with c ’Ao bulk atomic 
fraction will be converted to the +bn thick layer of the alloyed zone with composition  
c’A (Fig. 3.2), the conservation of A atoms leads to the condition  
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where again the λ/vy =/vx relation was used. Then, in steady state for the A atoms, i.e. 
accepting that  
   
  
     (see also Eq. (3.3)) 
 qAstcAst=[(+)c ’ASt - c ’Ao]/ =[(1+q)c ’ASt  – c ’Ao].   (3.13) 
It can be seen that for c’Ao=0 the relation between the GB and bulk concentrations is: 
qAstcAst=(1+q)c’ASt, and thus qAstcAst/q=(1+1/q)c’ASt. 
For the estimation of the composition left behind the sweeping boundary in 
steady state, from the first equation of (3.3), with the use of (3.9), we obtain 
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Thus  – using (3.13) -  
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 ,  (3.15) 
which is equivalent to relations (6) and (7) of [2] (see also Chapter 4).  It can be seen 
that the 
  
     
 ratio is higher than unity (DADB) and the role of the multiplying factor, 
, is important in determining the composition. Of course in our phenomenological 
approach, since / can be different for different individual step heights, it should have 
some average value, but probably it has the same order of magnitude as estimated in [2] 
from the microscopic model (see also Chapter 4).  
It can be seen that the two interdiffusion coefficients obtained (Eqs. (3.7) and 
(3.11))  – as it is expected - give the same conclusion as one can get from the bulk 
analogous of them: if DA>DB, then D
D DA and D
NP DB, respectively, i.e. the GB 
intermixing in the Darken limit is controlled by the diffusivity of the fast component, 
whereas in the Nernst-Planck limit - by the diffusivity of the slower one.  
3.1.1.5. Requirement of a steady state 
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 There is one peculiar behaviour of the required steady state for A atom.  As it 
can be seen from (3.11) and (3.14) in steady sate D
D
=0, whereas DA, DB, cA, and cB, 
differ from zero. This corresponds to such a special case when there is no further 
intermixing in the GBs while the shift of the boundary is still preserved. In fact D
D 
characterizes the intermixing inside the GB and D
D
=0 means that cA does not change in 
time. This means that the divergence of the original JA=DA(cA/y)/ flux is 
compensated by the second term in (3.3). Of course before reaching the steady state the 
atomic fraction in the DIGM zone, c’A is less than c’ASt i.e. qAcA/q < 
qAStcASt/q=DA/(DADB), and thus D
D 
> 0.  
One can try to estimate the time necessary to reach the steady state starting from 
the assumption that 
    
              in Eq. (3.10). Note that it also means that 
the velocity of the GB shift is constant. Furthermore, we assume that the condition  
    
   
   is reached during much shorter (negligible) time, tK, than the time necessary to 
reach the steady state, tSt. Then, from (3.10), with the use of (3.11) and (3.14), we have   
 
K
cq
cq
D
t
c
AstASt
AA
A
A









1
,       (3.16) 
from which  
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with cA=cAK at tK0. Take c’Ao=0, and assume that qAK=(1+q)c’A/cAconst. i.e. 
c’A/cA=const, and qAKqAst for t>0. And so, after integration,    
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It can be seen that it gives back the steady state result after a certain time, when  is 
large enough so that e.g. exp(-)  5 ×10-5, i.e.   10.   
Since  can be rewritten as  
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(see also Eq. (3.9)), where =vxt is the sweeping distance of the GB. Taking   0.5 nm 
and making an estimate c’A/cA  0.2, we get that qASt/ is about 0.5 nm
-1
 and from the 
condition  = 10, =20 nm is obtained. This sweeping distance is necessary to fully 
transform a nanostuctured film of an average grain size of 40 nm. Thus, this order of 
magnitude estimation shows that the saturation by cold homogenization, in films with 
grain sizes less than about 40 nm, can be reached even before the steady state is 
established. This indicates that one has to be cautious if the above estimations for the 
steady state bulk compositions are compared with experimental data. Furthermore, we 
can get estimations for the tK, as well as tst times. tK should be in the order of magnitude 
of the time necessary for GB diffusion distance equal to the film thickness. Thus, taking 
a typical value for the GB diffusion coefficient at T/Tm 0.3 (see Fig. 2 in [31]), 
DGB10
-8
m
2
/s, tK20s. On the other had in thin film experiments the typical time to 
reach the saturation is in the order of 1 h [60], i.e. we can take tst1h. Thus the above 
assumption tK0 as compared to tst is not a bad approximation. 
3.1.2. Free standing A film in B vapour 
  The above discussion can be easily carried out for A in B vapour. Note that a 
similar relation for the steady state bulk composition in this case was not derived in [2]. 
Using similar considerations, carried out in Chapter 3.1.1 in the Darken limit, the 
relation  
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can be obtained. Now, we have to determine the q’Bst,and q’=q’AcA+q’BcB values 
different from q and qAst above.  
 For the calculation of q’ we have to take into account that now there is a 
shrinkage while the step moves up in Fig. 3.2, since more atoms leave the GB than 
arrive at that location. In addition, in this case the corresponding relative change is 
proportional to -/(+) i.e.  
 q’=- q/(1+q).         (3.20) 
Furthermore, instead of (3.12) we can write 
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i.e.  
 q’BStcBSt=[(c’BSt  – (+)c’Bo]/(+) =[c’BSt /(1+q)  – c’Bo].  (3.22) 
Furthermore, in steady state 
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and using (3.22)  
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 Before turning to the atomic mechanism of low temperature DIGM it is worth 
summarizing the most important predictions following from the outcomes of this whole 
chapter. It is not expected that the expressions for the GB interdiffusion coefficients 
(relations (3.7) and (3.11)) can be directly applied since measurements of the time 
evolution of concentrations inside the boundary slab only would be very difficult. On 
the other hand predictions on the GB velocity and especially on the atomic fractions in 
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the DIGM zone have much stronger relevance, since these can be directly compared 
with experimental observations (see also Chapters 5 and 9.2). Let us sum up the most 
important predictions of the step model. First of all this description, in contrast to the 
atomic model by Balluffi and Cahn [2], is not restricted to vacancy mechanism and can 
be valid e.g. for interstitial diffusion too, in accordance with experimental observations 
of DIGM during interstitial diffusion [61] [62]. Furthermore, the atomic fraction in the 
alloyed zone can be less than 0.5 even in a completely miscible binary system: it is 
determined by two factors i) the type of the boundary (it affects the value of ) and ii) 
the kinetic parameters  
  
     
 in Eq. (3.15) and 
  
     
 in Eq. (3.24). Considering a thin 
film diffusion couple, formed between pure A and B, the relations (3.15) and (3.24) for 
     , applying the well-known thumb rule that at a fixed temperature       if 
the melting point of B is higher than that of A (see e.g. [31]), predict that the solute 
content in the DIGM zone in the film with higher meting point (i.e. on the B side) should 
be larger than in the film with lower Tm (i.e. on the A side).  Furthermore, since the 
value of q in (3.15) and (3.24) lies in the order of 0.1 (see also the chapter below), rather 
low atomic fractions are predicted if the DA/DB ratio is larger than 2 (this is in fact a 
prerequisite to get high enough difference in the GB atomic fluxes to produce GB shift): 
c’A = 0.18 and c’B = 0.05 for DA/DB=2 (with q=0.1) as well as c’A = 0.10 and c’B < 0.01 
for DA/DB=20, respectively. So, in general, the atomic fractions in the DIGM zones are 
relatively small if only this mechanism works. 
3.2. About the driving force for low temperature DIGM 
 Till now we only qualitatively discussed the possible contributions to the driving 
force of DIGM at low temperatures. While the form of the driving force for high 
temperature DIGM was quite extensively treated in the literature already from the very 
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early time of the DIGM (see Chapter 2 and the following section), it is worth to devote 
some comments on the form of the driving force for low temperature DIGM. According 
to the well known expression (Nernst-Einstein equation) for the GB velocity  
    v=MF       (3.25) 
where M is the mobility and F is the driving force, and M is related to the apparent 
atomic diffusion coefficient, Da (see e.g. [63]), by the relation M=Da/kT (if the 
thermodynamic factor is unity as we assumed). Note that e.g. in Eq. (2.1) Gm is not 
given in units of force, but it is given in units of pressure (energy/volume) and if F is 
replaced by Gm then a factor of / should be included into the mobility: see e.g. the 
expression for v for high temperature DIGM in [64] and [16]. 
Now, if we want to investigate the more general case (i.e. do not use the assumption 
that A=B= in the expressions (3.1)), according to the Vegard law,  should be 
replaced by =cAA+cAA. Furthermore, in this case Eqs. (3.8a) and (3.9) will have the 
form 
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and  
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It can be seen from the comparison of (3.25) and (3.27) that the driving force is 
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On the basis of (3.28) we can estimate separately the driving forces belonging to the 
difference of the intrinsic diffusion coefficients and to the difference of the atomic sizes 
only (FD and F, respectively). Thus (assuming that DB=DA for F) 
    
  
  
 
     
  
     
 
        (3.29) 
As seen, with DA>>DB (as usually happens) the first ratio is close to unity, whereas the 
second one is in the order of a few percent. Thus, the driving force caused by the 
difference of the GB diffusion coefficients noticeably exceeds the driving force arising 
from the size mismatch.  
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4. Atomic (vacancy) mechanism: climb of grain boundary dislocations   
4.1. Balluffi—Cahn-model  
As it was mentioned already in the preceding chapters, in 1981 - discarding 
certain concepts for the driving force and mechanism of DIGM - Balluffi and Cahn [2] 
proposed that the differences in the GB diffusion coefficients cause a self-sustaining 
climb of GB dislocations, GBD, and motion of their associated steps (i.e. motion of 
disconnections as defined later by Hirth and Pond [65]). It turned out that this concept is 
really useful for the interpretation of DIGM at low temperatures, and perhaps can also 
be important (as a possible atomic mechanism of GB shift) at high temperatures too, 
where the coherency strain model is the most widely accepted interpretation (see also 
Chapter 5) for the driving force. In addition the Balluffi-Cahn model naturally contains 
the GB Kirkendall-effect (see also the macroscopic description in the previous 
Chapters). In this model it is assumed that the GB diffusion occurs by a vacancy 
mechanism, and the climbing GBDs are sources and sinks of GB vacancies, similarly as 
bulk dislocations can absorb and emit bulk vacancies during bulk interdiffusion. In this 
latter case the Kirkendall shift (parallel with the direction of the atomic fluxes) is the 
result of the climb of bulk dislocations (perpendicular to the Kirkendall shift), while in 
GB interdiffusion the climb of GBDs results in motion of the GB steps (related to these 
GBDs) parallel with the GB plane and thus the GB moves perpendicular to the 
directions of the GB fluxes. Fig. 4.1 illustrates this for a simple edge GBD and its 
associated step in a symmetric tilt boundary. The Burgers vector, b, is the vector of the 
DSC lattice produced by the adjoining two (I and II) crystals. The GBD is sessile in the 
boundary plane and when it climbs crystal II will translate (relative to crystal I) by a 
displacement given b and the GB will migrate according to the motion of the GB step.  
If the solute, A, diffuses faster than the matrix atoms, B, there will be a net inward flux 
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of atoms A. In this case the GBD acts as a sink for A atoms (i.e. it emits a GB vacancy) 
and the GBD climbs downward. At the same time the boundary shifts to the left in Fig. 
4.1. Although it was not emphasized in [2] it was implicitly assumed that, during the 
continuous climb motion of the GBD, the accommodation of the incoming atoms is 
easy and no stress accumulation takes place. The incoming atoms thus continuously 
shuffle at the advancing step, decreasing the solute concentration in the GB core and 
thus the shift becomes self-sustaining.  
 
 
 
 
 
 
 
 
 
Fig. 4.1 Climb of GBD in symmetric tilt boundary in simple cubic structure. The tilt 
angle is 36.9
o
; b(bn) is the Burgers vector; () is the grain boundary core width. (a) 
Initial structure. (b) GBD after climb by the annihilation of a vacancy [2].  
The analytical expressions for this mechanism can be formulated as follows. We 
can use the (3.2) flux equations by neglecting the second terms and thus the net flux of 
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A atoms (now, as in [2], expressed in unit volume/distance time, i.e.  from the 
denominator is missing) is 
              
   
  
          (4.1) 
This is constant along the GB, except at GBDs, where can be a discontinuous change in 
the concentration gradient    
   
     and net deposition of atoms is possible: 
                    
   
  
 ,       (4.2) 
which results in a GBD climb velocity along y, vd(=vy),  
                  
   
  
 .      (4.3) 
Here bn is the Burgers vector of the GBD perpendicular to the GB plane.  
Comparing (4.3) with (3.9) it can be recognized that these two equations are 
equivalent if we take that into account 
  
  
  
   (see Fig. 3.2) and   
   
       
    
    , where  is the characteristic distance between the GB steps, i.e. between the 
GB dislocations.  Indeed, the two equations are equivalent if =bn. This is the atomic 
interpretation of the expansion of the dy thick layer, of the step of  height, along the x 
direction, , (Fig. 3.2); it corresponds to the normal component of the GBD, belonging 
to this is step.    
 It is worth noting that the values of the bn/ dilution factor were estimated to be 
in the order of 0.1 in [2] and thus the order of magnitudes of the experimental data were 
reproduced. 
 Beside deriving an expression for the GBD velocity, Balluffi and Cahn [2], 
assuming a balance of the solute A atoms, and using similar considerations as deriving 
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relations (3.12) and (3.13) (see Eqs. (3) and (5) in [2]) arrived to a relation equivalent to 
(3.15) with =bn.    
 Closing this subchapter it is worth emphasizing that the validity of the 
predictions of this model is strongly dependent on the details of the GB structure [16] 
[66]. Although this model allows of rationalization of the variability of DIGM from 
boundary to boundary and e.g. certain dislocations existing on certain GB may give rise 
to zero step heights and such GBs should be immobile. Furthermore, as it was listed by 
the original Hillert’s paper [24], this has several shortcomings (see also [16]): i) it is 
applicable only for vacancy mechanism, ii) according to this model the concentration of 
solute behind the moving boundary should be constant and independent of the 
dislocation (step) density in the boundary plane, iii) problem arises when the Burges 
vector of the GBD is not exactly perpendicular to the boundary plane and thus the 
motion of a defect should cause grain boundary sliding too. The phenomenological step 
model has some advantage in this regard since it does not take any concrete details: if 
once a step exists and mobile then the GB Kirkendall effect will be noticed.  
4.2. Liquid metal embrittlement 
 The significance and the probable more general role of the dislocation climb 
mechanism can be well illustrated by its successful application to the understanding of 
the so called liquid metal embrittlement, LME, phenomenon. It can be observed when a 
liquid metal is in contact with polycrystalline sample and very deep liquid grooves are 
formed at the intersections of the GBs and the liquid/solid interface. In many metallic 
systems [66] the fast penetration of the liquid film finally leads to brittle intergranular 
fracture under a modest stress. This is the effect of LME, which is very important in 
different technical applications of material processing and in nuclear reactor technology 
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in which liquid metals are used as coolants and as spallation targets [66][67].   
Interestingly the history of different trials of the explanation of the driving forces and 
mechanisms of this phenomenon is very similar to that of the DIGM 
[66][67][68][69][70]: each of the previous approaches was capable of explaining one or 
many aspects of LME, but e.g. none of them could successfully explain the effect of 
stress on liquid film penetration [66].  
 In the recent paper of Nam and Srolovitz [66] a series of molecular dynamics 
simulation was reported, on the liquid Ga/Al bicrystal model system, and the authors 
identified the GBD climb as the main operating mechanism.  The new picture of LME 
can be shortly summarized as follows [66]:  “First, Ga diffuses down the grain boundary 
in Al below the liquid groove root and causes stresses large enough to nucleate a 
dislocation in the grain boundary. The first dislocation climbs down by stress- enhanced 
Ga hoping across the dislocation core, leaving a tail of Ga behind. This Ga hopping 
leads to a constant dislocation climb rate that is applied stress-independent. Once the 
dislocation moves far enough from the groove root, another dislocation is nucleated. It 
too climbs down the grain boundary at the same rate, resulting in a uniform spacing of 
climbing dislocations. With Ga at the grain boundary, applied strains enhance the grain-
boundary opening and in turn more Ga is inserted from the liquid groove into the grain 
boundary to relieve the residual stress (i.e. Ga layer thickening process). The Ga 
penetration rate mirrors the dislocation climb rate and so is time independent. In order 
for LME to occur, the solute must diffuse quickly in the grain boundary, a stress must 
be applied to nucleate dislocations and keep the grain boundary open, and the solute 
must be capable of making grain-boundary decohesion at sufficient concentrations.” 
Thus the authors were also able to derive an expression for the steady state disclocation 
velocity. For the details we refer to the original paper.    
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5. Possible contribution of bulk penetration (Hillert’s chemical as well as 
coherency strain driven force models) 
5.1. Early models 
 In their original work Hillert and Purdy [3] called the phenomenon as 
Chemically Induced Grain Boundary Migration, CIGM, and argued that the driving 
force is the chemical Gibbs energy of mixing of two different elements. Recognizing the 
similarity with the discontinuous precipitation, for the estimation of the slute content of 
the alloyed zone in a thin film specimen of h width (exposed to the solute vapor from 
both sides, producing c’o solute content at the free surfaces of the thin film), they started 
from the Cahn’s solution [71], which can be obtained from the mass balance in the 
steady state. In this case, if the planar GB (perpendicular to the outer surfaces) migrate 
with constant v velocity from one grain, having a solute sontent c’(y), at a certain y 
depth measured from the centre of the thin film perpendicular to the free surface, into an 
another one with atomic fraction c’1, and the diffusion takes place only in the GB one 
can write for the mass balance: 
    
      
   
                      (5.1) 
where c(y) is the GB concentration and is directly related to the bulk concentration 
through the segregation factor, s: 
                     (5.2) 
The solution of this equation is 
  
         
       
 
       
   
 
  
          
  
     .      (5.3) 
The parameter  has the form: 
    
   
    
.        (5.4) 
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 Furthermore, in this chemical driving force model the GB velocity is given by the well-
known relation  
                  (5.5)  
where M is the GB mobility and Gm is the chemical driving force, i.e. the Gibbs free 
energy of mixing per atom.      
 
Fig. 5.1 Experimental concentration profile of zinc from one side of the thin Fe 
specimen to the other in the zincified region [3]. 
Thus Hillert and Purdy fitted Eq. (5.3) to the composition profiles (see Fig. 5.1 
as an example) and estimated the values of the GB diffusion coefficients, D, and the 
velocities. They arrived to the end that the GB diffusivities were several orders of 
magnitude larger than the values reported for stationary boundaries. However, later on 
in [46], using (5.1) and that the composition versus the distance measured from the 
surface had exponential dependence in thick sample (i.e. when h, see also Fig. 1.3) 
it was shown for Zn diffusion into symmetric and asymmetric GBs of Cu that the GB 
diffusivities were in a good agreement with those obtained by radiotracer techniques for 
stationary boundaries. In addition, it was also observed that the calculated grain 
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boundary diffusivities exhibited a strong dependence on the misorientation angle, 
similarly as it was observed from tracer GB diffusion data in different bicrystals [22]. In 
later communications from the same group it was emphasized [22] [57] that getting 
such a good agreement with the GB triple product, sD, obtained from DIGM 
experiments and from radiotracer measurements can be quite a difficult task, because i) 
the GBs usually have a stop-and-go type motion (i.e. v is not constant), ii) the 
segregation factor should be replaced by a so called dynamic segregation factor, which 
can be orders of magnitude smaller than the equilibrium one and iii) the strong 
composition dependence of the GB diffusion coefficients. Furthermore, it is worth 
noting that the Cahn’s model can be considered as an alternative of the description 
presented in Chapter 3.1, since it is assumed in both that the bulk diffusion is frozen out. 
The main difference is that in the Cahn’s model the velocity is proportional to the 
driving force, whatever it can be, while in the other v is proportional to the difference of 
the GB diffusivities and to the second derivative of the atomic fraction along the GB 
(see (3.9)), i.e. it offers an explanation on the mechanism (steps, or GB dislocations) by 
which DIGM is linked to the driving force too. In this respect we agree with the 
conclusions presented in the review of A. H. King [16]:  “…it is appropriate to draw a 
distinction between two different types of driving force: the first kind is indirect and 
constitutes a generalized reduction of free energy which may occur if DIGM takes 
place, and such driving forces require some form of mechanism in order for the 
requisite grain boundary motion to occur. The second type of driving force is more 
direct and arises as a directed impetus on the grain boundary so that the migration itself 
is driven, rather than merely facilitating other processes which reduce the free energy of 
the system.” Furthermore, in the Cahn’s model the solute content in the alloyed zone is 
the ratio of the GB atomic fraction and the segregation factor and depends on the depth 
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measured from the free surface, while e.g. in Eq. (3.15) it depends on the 
  
  
   ratio 
(at certain depth from the surface), and contains a proportionality factor characterizing 
the type of the boundary.  
The above relations were derived for negligible bulk diffusion and assuming that 
the driving force is the mixing free energy. There were publications, already in the early 
times of DIGM, where it was established that both of the above conditions were very 
restricting [2] [72]. The idea of the chemical driving force was quite extendedly 
criticized by Balluffi and Cahn [2]. The most important criticism contrary to the 
chemical driving force was that DIGM occurred under a whole range of conditions, 
including both alloying and de-alloying in systems with a positive or either a negative 
heats of mixing. In addition, Tashiro and Purdy [72] have shown that DIGM can occur 
at temperatures for which the diffusion of solute out of the GB is significant. Thus in 
one of his next papers Hillert [24], used the analogy with the discontinuous 
precipitation, which is a combination of the precipitation of a new phase and the growth 
of one parent grain into another. For the case, when the new phase is liquid, separating 
the two grains (liquid film migration, LFM), he has provided a model of direct driving 
force for DIGM, which depends on the strain energy produced by the solute diffusion 
into the bulk just ahead of the boundary. As it was already mentioned in Chapter 2 this 
driving force per unit area of GB in an elastically isotropic material is given by equation 
(2.1) [37]. Hillert also emphasized the role of the  
 
   parameter (i.e the thickness of 
the solute enriched layer: see also relations (2.2)), which gives a guideline: if  
 
   
exceeds a critical value the frontal diffusion layer cannot be coherent and no migration 
can occur. On the other hand, if it is smaller than the interatomic spacing no elastic 
driving force will develop and only chemical (mixing) driving force should operate.  In 
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fact, as it was shown already earlier, during liquid film migration solute atoms diffuse 
into the crystal lattice when liquid comes into contact with a planar surface of a crystal 
and first a coherent layer with a strain  (c’+-c’) will develop and the elastic energy of 
this can be expressed as  
   
      
      
     
 .       (5.6) 
Here c’ is the mole fraction in the alloyed zone, which is coherent with the grain of c’+ 
initial mole fraction. Hillert [24], considering the constrained equilibrium between the 
liquid phase and the two grains (see also Fig. 5.2), pointed out that during the formation 
of a coherent as well as an incoherent nucleus with equilibrium concentrations, cc and c-
, respectively, the following relation should hold 
   
  
    
 
  
    
  
   
    
       
        (5.7) 
Here R and T have their common meaning (appeared from the ideal solution expressions 
of mixing). In deriving (5.7) Hillert, expressed the driving force for the transfer of 
material from the coherent layer to a stress-free grain as the difference of the 
corresponding Gibbs free energies, and assumed that c’c and c’- can be neglected as 
compared to unity (dilute limit) and c’-c’c<<c’+, arrived at relation (2.1). Note that the 
experimental verification of relation (5.7) is difficult not only because of the finite probe 
size of the experimental techniques used for the determination of the local solute 
contents, but   because, besides the determination of the mole fraction well in front (c’+) 
and well behind (c’-) the GB, the knowledge of the solute content in the coherent zone 
would also be necessary. This is why in most of the cases when the validity of the 
coherency strain model was investigated rather the check of the validity of the driving 
force was considered. Note that the GB velocity is given by putting (2.1.) into the 
expression (5.5).      
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Fig. 5.2 Free energy curves for solid and liquid phases in a two component (A and B 
system) [16]: curves GL and Gs apply to the liquid and the unstressed solid phases, 
respectively. The usual tangent construction gives the compositions of the solid and 
liquid in contact with each other at equilibrium (Cs c’+, and CL, respectively). For the 
solid with the initial composition (Co c’-) the free energy is increased by an amount of 
Gel( 
      
      
     
 ) due to the formation of an elastically stressed layer by bulk diffusion 
into it. New equilibrium compositions at C ’s( c’c) and C ’L are established. (The 
correspondence between notations of the compositon used in [16] and in this work is 
indicated in the parentheses.)              
5.2. Refinements of the Hillert’s coherency strain model     
 Just after the publication of the first papers [2][24][3][34] a huge research 
activity was noticeable, both regarding the theory as well as experiments of DIGM and 
LFM. As the result of these numerous investigations (see especially the research results 
from Yoon’s group [6] [73])  now it seems clearly established that indeed the main 
driving force (for temperatures at which the thickness of the solute enriched layer due to 
the bulk penetration is not negligible) is due to the elastic coherency stress. In fact, 
replacing in (5.5) the chemical driving force with expression (2.1) one arrives at the 
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result that the migration rate should have a parabolic dependence on the coherency 
strain. In [73], using liquid phase sintered Mo(85w%)-Ni(15w%) alloys, three different 
solute atoms were used to vary the coherency strain. Thus the coherency strain, o, was 
calculated as a combination of two terms (e.g. in the case of Co addition, it is the sum of 
the  Ni(c’Ni-c’Nio) and  co(c’Co-c’Coo), where the parent grain had the initial compositions 
c’Nio and c’Coo respectively, and o was changed by exposing the liquid phase sintered 
Mo-Ni with  Co-added liquid and thus a diffusion Co in and diffusion of Ni out took 
place) and can be tuned to be either positive (by adding Sn) or negative (by adding Co). 
It was also observed that the rate of the boundary shift was constant, i.e. the migration 
distance was proportional to the annealing time. The results are shown in Fig. 5.3. The 
observed zero migration rate (migration distance) at zero value of the coherency stain, 
o, shows indeed that the coherency strain provides the determining contribution to the 
driving force.            
 
Fig. 5.3 Observed variation of the migration distance for DIGM (labelled CIGM) and 
LFM for Mo-Ni (Co,Sn) alloys held at 1460
o
 C for 2 hours (embedded into a Mo-Ni-
Co-Sn liquids  as a function of coherency strain  o. The solid and dotted lines are the 
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parabolic fits to the experimental data. (The numbers above the full circles indicate the 
decimal fraction of Co [73]).    
 There are numerous publications in which, still remaining in the framework of 
the coherency strain model, trials to avoid the assumptions involved in the original 
Hillert ’s model were published. For example, in a more detailed analysis, it was shown 
in [64] that the effect of the boundary curvature can be important and that the 
orientation dependence of the apparent elastic modulus (in the shrinking grain), Y, 
replacing E/(1- ) in Eq. (2.1) valid in isotropic solids, can predict the faceting of the 
migration interface (as shown in Fig. 2.4). The effect of the GB curvature can also lead 
to interesting effects: the GB can stop and turn back. Baik and Yoon [74] has shown 
that the grain boundary curvature increased during the GB migration in Mo-Ni alloy in 
contact with liquid Cu, causing a migration reversal and consequently an oscillatory 
motion. It was illustrated that the reversal of the grain boundary migration resulting in 
an oscillatory motion was a natural consequence of the coherency strain hypothesis for 
the driving force if the inhibiting effect of the grain boundary curvature was taken into 
account. The repetition of the original work of Sulonen [36], on discontinuous 
precipitation in Al-21,8at%Zn alloy by Chung et al.[39], is also worth mentioning. Here 
the change of the boundary velocities was determined as a function of the applied stress 
and the motion of two types of boundaries (parallel and transverse to the stress) was 
investigated. The results are shown in Fig. 5.4. The different slopes were interpreted as 
an additive driving force (of different sign) to the Hillert’s coherency stain term 
(Gel= 
      
      
     
 ) in Eq.(5.5) due to the application of tensile stress.  
In 2004 Penrose [37] provided a general description of the coherency strain 
model, which thus was not included in previous reviews on the DIGM.  He has shown 
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that the relation (2.1) is still valid when c’+ and c’-  are not small (as was originally 
assumed by Hillert) and, following also the results of Cahn [75], Khachaturyan [76] and 
Hilliard [77], he has given a generalized formula for Y=E/(1- ) for anisotropic solids. 
Furthermore, he made predictions on the direction of motion of the GB: the solute 
atoms initially diffused into the GB begin to penetrate into the two adjoining crystals 
and if the boundary layer is asymmetric the GB will be driven to move toward the 
crystal with the higher strain energy in order to consume it. He stated that “The usual 
kind of elastic force acts on all the atoms in a given region in the same way, tending to 
change the local macroscopic configuration of the material, but the force considered 
here acts differently, tending the change the microscopic configuration of the atoms in 
such a way the they fit the lattice of the growing grain rather than the shrinking one, but 
not changing the macroscopic configuration. It is analogous to the forces acting on 
dislocations and other imperfections, discussed by Eshelby in his paper on the elastic  
‘energy/momentum’ tensor.” It was pointed out in [37] that although the elastic driving 
force arises from elastic stresses, it is not an elastic force in the usual sense, since 
although the stress tensor is discontinuous across the boundary its normal component is 
continuous and the material macroscopically is in elastic equilibrium. This kind of 
elastic force acts tending to change the microscopic configuration of atoms in such a 
way that they fit the lattice of the growing grain rather than the shrinking one (but 
changing the macroscopic configuration).” In other words the GB can be considered as 
an interface between two different  “phases”: the “phase” (the grain) behind the moving 
GB has lower elastic energy and grows at the expense of the other having a higher 
elastic energy. It was also pointed out by Penrose that his treatment is exempt from such 
questionable assumptions like  “the boundary is a very thin liquid layer, both faces of 
which are in equilibrium with the neighbouring crystal ” and instead of assuming phase 
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equilibrium the diffusion potential (depending also on the local elastic stress as it was 
treated by Larche and Cahn [78]) had to be continuous. Thus, in spite of many 
similarities, this theory of DIGM is different from the LFM models: the presence of the 
two interfaces on the two sides of the liquid film is essential in LFM and the role of the 
diffusion is also different (for LFM the controlling factor is the rate at which atoms can 
cross the liquid film).            
 
Fig. 5.4 Average growth rate of the discontinuous precipitation as a function of the 
applied stress for boundaries parallel as well as transverse to the stress in Al.-21.8at%Zn 
alloy at 75
o
C for 1 hour [39].   
  In addition to the elastic strain caused by the size mismatch of the two types of 
atoms, stress free strain can also be developed due to the differences of the bulk 
diffusion coefficients like in classical bulk diffusion couples where most of the stresses 
of such origin can relax by the classical Kirkendall shift and some porosity can also be 
observed [29]. This can also contribute to the driving force for DIGM [17][79] and, as 
the consequence of the unequal atomic bulk fluxes in case of vacancy mechanism, can 
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lead to vacancy supersaturation and deposition. These may be left behind the moving 
boundary and indeed stacking-fault tetrahedra, formed by the agglomeration of 
vacancies,  have been observed in copper alloyed with zinc by DIGM [42].  
 It was shown by Rabkin et al. [8] [80] [63] that the gradient energy correction 
[75] [77] to the free energy of an inhomogeneous alloy, stored in the region of steep 
chemical gradient, can lead to an additional driving force (since the driving force is 
proportional to the difference of the chemical potentials, in which the gradient energy 
corrections are included). If the lattice parameter misfit is small or negligible (i.e. the 
coherency strain terms are negligible) then this can drive the GB motion and it was 
illustrated that even a relatively small discontinuity in the solute distribution across the 
grain boundary area provides enough driving force for grain boundary migration.  
 Further contribution to the driving force due to the coherent strain energy can 
arise if one takes into account the diffusional flux of vacancies across the GB [81],  
from which the activation energy of DIGM can be predicted, having the meaning the 
activation energy for an atom to jump from the matrix into the boundary. Experimental 
results for DIGM in the Cu(Zn) system were in reasonably good agreement with this 
prediction. Other models were based on the solute atom induced effects in the GB: i) 
variation of the GB energy [81] or ii) structural transformation [12]. 
 Despite the different attempts, most of which were listed above, considerable 
experimental evidence in favour of the coherency strain model has been accumulated 
and thus it is widely accepted as the main driving force of DIGM at high temperatures 
where the bulk diffusion is not negligible.       
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6. Grain boundary diffusion induced recrystallization (DIR) 
As it was already shortly mentioned in Chapter 2, in many experiments on 
DIGM, in addition to GB migration and alloying, nucleation and growth of entirely new 
grains, with homogeneous solute contents inside, were formed (DIR). These solute 
contents are characteristic of the diffusion couple; the larger the lattice mismatch the 
larger the solute level [26]. This DIR phenomenon remained a major mystery during 
almost four decades, although the role of the coherency strain in the region ahead of the 
GB was accepted as one of the important factors [6].  In 2010 the group of G. Schmitz 
published a paper in which it was pointed out that, if the size mismatch is high enough, 
the coherency strains (caused again by the bulk penetration ahead of the boundary, as 
treated in details in [37] for DIGM), can lead to the break of the coherency by 
spontaneous relaxation via nucleation of new grains. The works of this group illustrated 
that the number of different solute content levels (in the new grains) increased with the 
lattice mismatch between the diffusing components [82][83][84][85]. It was pointed out 
in [26] that, from the requirement of the local equilibrium at the boundary between the 
newly formed (stress free) and stressed grain, it was possible to calculate (from the 
measured compositions inside the stress free grains) the stress and the maximum solute 
concentration in the stressed zone. Thus the measured compositions of the newly 
formed grains can be used as the measure of the stress, exp, in the diffusion zone and it 
was plotted as the function of the ideal shear strength, ideal. It can be seen in Fig. 6.1 
that a linear relation with the slope of 0.7 was obtained. On the basis of this it was 
concluded that a break in coherency by nucleation of new grains happens if the 
diffusion induced stresses exceed 70% of the maximum shear strength. Thus 
predictions, whether DIR can happen or not, can be given by taking the lattice 
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mismatch, the initial composition difference between A and B in an A/B bilayer and the 
elastic stiffness. In addition the composition in the DIR zone can also be predicted 
Observe that, as it was recognized in [26] and can also be picked up in Fig. 6.1, the 
calculated stress values (exp) were surprisingly high (in the order of a few GPa), much 
larger than the bulk yield strength of the investigated metals. The authors of [26] argued 
that if the stressed zone (the bulk diffusion penetration distance) is small enough, as it 
was experimentally demonstrated in quite thin films, then plastic flow relaxations via 
dislocations is difficult, and instead of the yield strength the maximum shear strength 
appears. For the details we refer to the original article. 
 
Fig. 6.1. Stresses in the diffusion zone in front of migrating GBs during DIR 
versus the theoretical ideal shear strength (the slope of the dashed line is 0.7 and error 
bars show the scatter of theoretical data) [26].     
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7. Temperature dependence of DIGM  
 According to the coherency strain model and the step model of DIGM a certain 
transition between the high and low temperature mechanisms of DIGM is expected. 
Indeed, with decreasing temperature the bulk diffusion distance (and the D’/v 
parameter) decreases and at the same time the difference of the fluxes of A and B atoms 
(in an AB thin film couple) increases because the GB diffusion coefficients have 
Arrhenius type temperature dependence and DA-DB increases. So indeed a gradual 
transition is expected between the high and low temperature regimes, i.e. between the 
processes described by the coherency strain as well as by the step model. It is important 
to emphasize that the step (GBD dislocation climb) mechanism of DIGM is not 
inconsistent with the coherency strain model [16]: the GB steps can provide the local 
symmetry breaking which is necessary for the coherency strain model in initially 
symmetric boundaries, i.e. they can serve as probable locations for the initialization of 
the GB shift (see also  Fig. 5 in the paper by Li and Raith [59]). Thus in certain cases 
the step model and the coherency strain mechanism may act synergistically [16]. As a 
general picture we can summarize the DIGM process as follows. Diffusion induced 
stress free strains create a stress field. At higher temperatures this  – besides the strain 
developed inside the GB itself, due to the inequality of atomic fluxes  – leads to the 
development of coherency strain ahead of the GB (both the size mismatch and the 
difference of the bulk atomic fluxes can contribute to this), and the determining effect, 
DIGM, can be observed. But the same diffusion induced stresses (under certain 
conditions as discussed in the preceding Chapter) can also lead to DIR. At lower 
temperatures (the bulk diffusion is frozen out) the stress free strain develops inside the 
GB only and relaxes mainly by the motion of GB steps and shift of GBs. Thus the main 
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effect is the shift of the GBs in both limits. At the same time different other ways of 
stress relaxations can take place (related to another shape and volume changes) as it was 
listed in Chapter 2. Since these can be considered as concurrent ways of relaxations as 
compared to the GB shift, their contribution can lead to different GB velocity (or its 
time dependence: see also Chapter 9.2.) and even to different alloying levels in the same 
system if e.g. the conditions for the mechanical constraints are different. Thus the large 
scatter in the experimental data is not surprising, but even could be expected. It is also 
worth mentioning that formation of new grains, i.e. DIR, as a concurrent way of 
relaxation, was usually observed typically in the high temperature regime only [27]. 
Furthermore, it is important underlying that the GB motion is not a continuous shift, but 
has a stop-and-go character [27][58]: this is an interesting fingerprint of the stress 
accumulations and subsequent relaxations during the process (Fig. 7.1).    
 
Fig. 7.1 Ghost lines in migrated regions of Cu90Zn10/Cu diffused for 40 h at 350  °C, 
reflecting previous GB positions and indicative of jerky GB motion. (Magnification, 
400 x ) [27]. 
In the light of the above general picture it is interesting to consider experimental 
results on the temperature dependence of DIGM. In this respect first of all the papers by 
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Grovenor [58] and den Broeder [27] can be referred. Both authors came to the 
conclusion that two well defined temperature regimes could be distinguished; that in 
which DIGM occurs alone (at relatively low temperatures) and that in which DIR and 
DIGM occur simultaneously (higher temperatures). This is in accordance with the above 
picture. 
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8. Formation of intermetallic compounds during grain boundary motion 
(GBDIREAC) 
It was pointed out already in the very early time of DIGM and DIR that 
compound phases can also be formed. Tu [33] has demonstrated that during the solid 
state reaction between Pb and Ag-20at%Pd the Pb2Pd compound was formed between 
160 and 200
o
C. Although later on, in almost all cases, the alloy systems studied have 
been restricted to solid solutions, this work gave a clear indication that not only solid 
solutions, but intermetallic compounds can also be formed and the question was also 
raised that whether DIGM-like phenomenon can be involved in the low temperature 
ordering of certain compounds or not (see also [33]). Kajihara and his co-workers (see 
[86] and citations therein) have shown that both intermetallic phases were formed, 
present in the equilibrium phase diagram of Ag/Sn system, during DIR. So it is rather 
plausible that DIGM/DIR can lead to grain boundary diffusion induced solid state 
reactions (GBDIREAC). On the other hand, the theoretical description of these 
reactions is in infancy, since there is a lack of clear involvement of the additional 
chemical driving force of compound formation in the models of DIGM/DIR. Especially 
the experimental evidence, accumulated more recently (see Chapter 9.2.2 below), that 
during solid state reactions at low temperatures (bulk diffusion is frozen out) the thin 
film diffusion couples always terminate to the phase equilibrium dictated by their phase 
diagram. In contrast, in systems forming solid solutions the compositions in the alloyed 
zone are determined by kinetic constraints (see Eqs. (3.15) and (3.24)) and the terminal 
state is not the solid solution with compositions given e.g. by the initial thickness ratio 
of the film formed from a pair having complete solubility.                       
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9. Review of experimental data 
9.1. Experimental methods  
 First general technique for the characterization of DIGM kinetics was the 
metallographic investigation, in which morphological features of the DIGM/DIR were 
nicely presented. In addition, by this method the determination of the migration distance 
and thus the shift rate could be easily determined, even in the function of the depth from 
the initial surface, by gradually removing slides perpendicular to the GBs (see Fig. 2.4).         
For the determination of compositions in the DIGM/DIR zone electron microprobe 
techniques were generally employed, combined with either SEM or TEM (see e.g. Fig. 
5.1: on which an electron microprobe analysis, carried out in a SEM [3], is shown). In 
[38] the DIGM zone was investigated by SEM, TEM and STEM, equipped with energy 
dispersive X-ray spectrometer in Au/Cu and Ag/Au thin film diffusion couples. Fig. 
9.1.1 illustrates another example. Here STEM micrograph of an alloyed zone in the 
wake of a migrating [111] tilt boundary in the gold layer of a Cu/Au/Cu thin film 
specimen after 137 h anneal at 150
o
C [38] is shown. This also nicely demonstrates the 
problems, accompanied by this type of analysis: the composition profile obtained is a 
certain average over depth and the averaging extends to approximately 1m, or in thin 
film specimens the averaging is over the foil thickness [38]. Thus, in the profile in Fig. 
9.1.1 there is an instrumental convolution of the data (and perhaps it is the reason of the 
tailing off the profile at the final boundary position, where it is expected that the true 
profile is a step function).    
In addition to the above methods, depth profiling, with chemical analysis of the 
composition in the removed layer, can also be used to study the time dependence and 
temperature dependence of DIGM averaged over many random boundaries in the same 
specimen. Thus, already in 1982, Auger Electron Spectroscopy technique was employed 
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to provide information supplementary to the results of the more detailed TEM and 
STEM studies [38]. With this technique the profile is obtained by continuously 
sputtering the material away with an ion beam while simultaneously analyzing the 
composition of the surface layer by Auger Electron Spectroscopy. Information about the 
extent of the alloyed zones could then be obtained from the average concentrations 
measured in the profiling.  
For the time being structural investigations are normally taken out by 
transmission electron microscopy (TEM), selected area electron diffraction (SAED), 
and X-ray diffraction (XRD).  
 
Fig. 9.1.1 (a) STEM micrograph of an alloyed zone in the wake of a migrating 
tilt boundary in the gold layer of a Cu/Au/Cu thin film specimen after 137 h anneal at 
150
o
C. Specimen viewed along normal to surface of thin film. Points along horizontal 
line mark the locations of individual X-ray microanalyses. (b) Results of STEM X-ray 
microanalyses across the alloyed zone in (a). The two question marks indicate the 
regions where large concentration gradients were expected. The apparent values of the 
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copper concentrations resulting from the X-ray analyses in these regions are unreliable 
(see also the text) [38]. 
In the bi-layer systems, with a noticeable difference between the lattice 
parameters, misfit dislocation (MD) networks can be formed at the interface, as well as 
moiré fringes with the period, which depends on the lattice spacing difference. They can 
be easily observed by TEM.  During interdiffusion, when the spacing of the conjugated 
lattices becomes similar, the periods of MDs and moiré fringes increase, and finally 
disappear completely. This fact allows the reliable identification of the areas with 
different stages of interdiffusion [87]. The crystallite size and lattice strain in the grains 
can be determined using the X-ray peak broadening techniques. X-ray diffraction peaks 
are broadened both due to the small grain size and lattice strain in the material. The 
individual contributions of these effects to the total broadening can be separated using 
standard techniques and these may be found in Refs. [88] [89] [90][91]. Most 
commonly the crystallite size is approximated by measuring the Bragg full width at half 
maximum (FWHM) and using the Scherrer formula [92]:  


cos
9.0
B
d 
,      (9.1) 
where d is the crystallite size,  is the wavelength of the X-radiation used, B is the 
FWHM, and  is the Bragg angle. This method can give correct approximate values 
only if proper corrections for instrumental and strain broadening have been made.    
Since the lattice parameters of the binary alloys vary with composition, high-
angle X-ray reflectometer in Bragg–Brentano (-2) geometry can be used to determine 
preferred compositions and its variation with the film depth. 
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As an example we refer to [93] as a very careful investigation in which detailed 
analysis of stresses developed in Cu/Ni thin film system was carried out. Here the 
microstructural development and the stress evolution during diffusion annealing have 
been investigated employing ex-situ and in-situ X-ray diffraction, transmission electron 
microscopy and Auger-electron spectroscopy (in combination with sputter-depth 
profiling). 
For the detection of kinetics of DIGM during cold homogenization in thin bi-
layered metal films one can use electrical resistance measurements as well, which are 
very sensitive to any variation of the film composition. Formation of alloys during GB 
interdiffusion can lead to well-noticeable change of the resistance [94]
 
[95].  
Besides the Auger depth profiling there is another possibility to follow the 
compositional changes in thin nanocrystalline films as it is illustrated in Fig. 9.1.2. 
Recently the composition profiles were determined by Secondary Neutral Mass 
Spectrometry, SNMS, during depth profiling (see e.g. [48][60][94][96] [97] [98] [99] 
[100]). In the SNMS device, the primary ions are extracted from the rf-Ar plasma by 
means of negatively biased sample. The plasma density corresponds to extractable Ar+ 
current densities of 1 –5 mA/cm2. The ion current has high lateral homogeneity. The 
low primary ion energies (in the order of 100 eV) and the homogeneous plasma profile 
result in an outstanding depth resolution (<2 nm) [98] [101]. In this case, the detection 
limit of the SNMS is about 100 ppm [101][102]. The concentration-depth profiles can 
be measured by transformation of the raw SNMS data (intensity vs time) to 
concentration-depth profiles, measuring the depth of the crater by means of a 
profilometer after different annealing times. 
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Fig. 9.1.2 Schematic view the time evolution of the growth of NiSi reaction 
product by GBDIREAC mechanism (upper row) if the nanocrystalline Ni2Si film is 
deposited on a (single crystalline) substrate and the GB diffusion of substrate atoms 
result in the formation of the reaction product. The bottom row shows the time 
evolution of the composition profiles with increasing time in the case of formation of 
NiSi phase (red) from the Ni2Si nanocrystalline film (yellow) deposited on a single 
crystalline Si substrate (blue) and annealed at 180
o
C (see also [94]). In this case the 
terminal value corresponds to the composition in the DIGM (GBDIREAC) zone. The 
compositions were determined by SNMS depth profiling method (see the text).         
9.2. DIGM at low temperatures (bulk diffusion is frozen out) 
9.2.1. Systems forming solid solutions  
 As it was mentioned in the previous Chapter, the SNMS depth profiling 
technique is a very useful tool for investigation of the time evolution of the average 
compositions on both sides of a nanocrystalline A/B thin film system. It is expected in 
this case that the system first will develop to reach the atomic fractions predicted by 
equations (3.15) and (3.24), i.e. first the system will reach a state determined by these 
kinetic constraints. But in completely miscible binary systems, since after the above 
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first step there will be still a composition gradient present (c’ASt>c’BSt, if c’Ao=c’Bo=0 at 
the beginning), a next stage of DIGM is expected with initial compositions 
corresponding to solute contents  given by Eqs. (3.15) and (3.24) for c’Ao=c’Bo=0. Thus, 
in principle a cascade of composition development is expected until the system will 
terminate at a homogeneous alloy with composition given by the ratio of the initial film 
thickness. This kind of complete cold homogenization, if indeed can be realized, can 
also offer good test for the investigation of low temperature miscibility gaps in different 
binary systems.  
 Thus the results of low temperature DIGM investigations (cold homogenization) 
in different binary systems will be summarized and we will try to answer the following 
questions: i) does the first step indeed result in solute contents predicted by Eqs. (3.15) 
and (3.24), i.e. is the concentration is higher in the component with higher melting 
point?, ii) does the temperature dependence of the above concentrations follow the 
dependence predicted from the temperature dependence of the DA/DB ratio, iii) does the 
cascade of composition evolution indeed observed?     
It is not inevitably expected that the relations obtained in free standing films for 
the expected compositions in the DIGM zone are valid for bi-layered (A/B) films 
because steady state concentration distribution doesn't exist during interdiffusion 
between A and B. However, as it is seen in Fig. 9.2.1.1, in the Ag/Au system the 
concentration distributions after the first annealing (1.5 h), due to accumulation of Au 
on the surface of Ag film (y = 0) and accumulation of Ag at the Au-Si interface (y = 30 
nm) concentration distributions in bi-layered system becomes similar to those in free 
standing films (see the schematic picture shown in Fig. 3.1 too). This indicates that the 
diffusion along GBs was fast enough to saturate the diffusant on the other side of the 
films creating a surface/interface source before the real DIGM process started. Thus one 
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can use Eqs. (3.15) and (3.24) for the estimation of atomic fractions during 
interdiffusion in bi-layered films. 
As it was already mentioned at the end of the Chapter 3.1.2, in general, the 
expected solute contents in the DIGM zones are rather low if only the mechanism, 
described by relations (3.15) and (3.24), operates, and these can be considerable only if 
the DA/DB ratio is not considerably different from unity, which is the case for the Ag/Au 
system (see also below).    
Although there are many publications on DIGM in different binary systems, 
there are only few papers dealing with processes taking place on both sides of the A/B 
thin films (see e.g. [38] and [27]) and, until very recently, most of the articles published 
results at intermediate or higher temperatures, where the contribution from bulk 
diffusion cannot be ruled out in DIGM and DIR can also appear [26][58][27]. In the  
more recent investigation, cited above, on nanocrystalline Au/Ag thin film system at 
150
o
 C [43], from the determination of the depth profiles in both Ag and Au layers by 
SNMS, it has been demonstrated that the average solute contents in the midpoint of the 
Au and Ag layers gradually increased (Fig. 9.2.1.1a) and finally arrived at certain 
saturation values (Fig. 9.2.1.1b), different in Au and Ag. Since the condition  > d/2 is 
fulfilled, it was assumed that the saturation values of the average solute contents 
corresponded to the values given by the compositions left behind the moving 
boundaries. Thus, in this case the interdiffusion led to homogenization in both the Ag 
and Au layers up to the levels corresponding to expressions (3.15) and (3.24) (see also 
below). The process was indeed slightly asymmetrical, i.e. the saturation atomic fraction 
in the faster component (with lower melting point) was always less than in the slower 
one, as it can also be predicted from the above relations too. Furthermore, from the 
temperature dependence of the above saturation values (Fig. 9.2.1.2) QAu - QAg = 0.17 
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eV was obtained using relations (3.15) and (3.24) (and making a correction taking into 
account the amount of the diffusant inside the GBs) in good agreement with tracer GB 
diffusion data [60] (Fig.9.2.1.3). At the same time the DAg/DAu ratio changed between 5 
and 2.    
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Fig. 9.2.1.1 Concentration-depth profiles in Ag (15 nm)/Au(15nm) bilayer; (a) 
as-deposited and annealed for different times at 150 
o
C, (b) average atomic fraction in 
centre of the Au and Ag films [43].  
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Fig. 9.2.1.2  Average concentration of Au and Ag inside the Ag (a) and Au (b) 
layers, respectively, versus the annealing time at different temperatures [60]. 
 
Fig. 9.2.1.3. ln P (P = DAg/DAu) versus 1/T in the Ag/Au system. PAu and PAg are 
the DAg/DAu ratios calculated from the saturation values measured in Au and Ag, 
respectively [60]. The straight line is the common fit to both data.   
From the above results one can conclude that the steady state approximation 
gives quantitative explanation for the experimental observations in Ag/Au system 
assuming that the observed leveling off corresponds to the first step of the supposed 
cascade of homogenization. Furthermore, in the Ag(15nm)/Pd(15nm)/substrate system 
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similarly a qualitative agreement with predictions obtained from the above relations was 
found, i.e. the atomic fraction was larger on the Pd-side [60]. In addition, the values of 
the cocentrations on both sides were smaller than in the Ag/Au system in accordance 
with the fact that the DAg/DPd ratio is about 10 times larger than DAg/DAu  [103]. 
 On the other hand an interesting and surprising result was observed in [60]: if 
the film sequence was inverted (i.e. instead of Ag/Au/substrate or Ag/Pd/substrate the 
Au/Ag/substrate as well as Pd/Ag/substrate sequence was applied) the saturation values 
of the compositions on the slower side (in Au or in Pd) and in the faster (Ag) side were 
also inverted (see Figs. 9.2.1.4 and 9.2.1.5, respectively). This is in contrast to the above 
model. Similarly, Fig. 9.2.1.6 shows the SNMS concentration profiles obtained in the 
Ni(20nm)/Cu(20nm)/substrate system where, since the DCu/DNi  ratio is similarly larger 
than unity (like the DAg/DPd ratio in the Ag/Pd system), it would be expected that the 
atomic fraction inside the Ni should be larger than in the Cu. It can be seen that the 
experimental result is just opposite. This is also in line with the results shown in Fig. 1 
of [93], where depth profiles obtained in the Ni(50nm)/Cu(50nm)/substrate system at 
175 and 225 
o
C showed higher Ni concentration inside Cu than the Cu concentration in 
the Ni film.    
 
Fig. 9.2.1.4 Depth profiles of Ag(15nm)/Au(15nm)/substrate (a) and 
Au(15nm)/Ag(15 nm)/substrate (b) film systems after 20 h at 175  °C [60]. 
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Fig. 9.2.1.5  Comparison of depth profiles obtained after 8 h of heat treatment at 
150  °C. (a) Ag(15 nm)/Pd(15 nm)/substrate, (b) Pd(15 nm)/Ag(15 nm)/substrate 
systems. It can be seen that the reversal of the film sequence leads to the reversal of the 
inequality of the concentrations in the centre of Pd and Ag layers [60]. 
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Fig. 9.2.1.6 SNMS composition sputtering time profiles in the 
Ni(20nm)/Cu(20nm)/substrate system after 1 h (a) and 100 h (b) heat treatments at 
180
o
C. It can be seen that, besides the segregation of Cu at the Ni surface, the saturation 
value in Cu is larger than in Ni (b).      
Thus we can conclude that the above model gives an acceptable description for 
the atomic fractions in the DIGM zones, if the faster component is outside of the bi-
layered film. At the same time it fails to predict the inequality between the 
concentrations inside the slower and faster components if the slower component is 
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outside in the thin film couple. One of the possible explanations for this can be the 
additional stresses related to the incomplete relaxation of stresses created by the unequal 
GB fluxes: the overall stress development in the two different film systems, due to 
elastic coupling between them, and between the films and the substrate [60], can change 
the conclusions obtained by fully neglecting the stress effects.  
Indeed, during homogenization of nanocrystalline A/B players the expansion of 
B (the slower component) and contraction of A is hindered, i.e. a stress field surely 
develops. Our observations in the Ag/Au system indicate that nevertheless the 
homogenization can still take place at least up to a certain saturation level. At this 
moment it is not a fully explored area that whether such stress developments lead to a 
time dependent transition from Darken’s to Nernst-Planck’s limit and thus lead to a 
gradual slowing down of the DIGM velocity and the alloying practically stops at a 
certain concentration level below those corresponding to the atomic fractions 
determined by Eqs. (3.15) and (3.24) or such a slowing down is due to other effects. 
Nevertheless, it was shown in Ag(330nm)/Au(750nm)/substrate thin film system (with 
an average grain size of about 330 nm in Au) on a rock salt substrate [38] that the 
average migration distance of the boundaries in Au, , versus the square root of the 
annealing time, at 250
o
C showed saturation character i.e. the migration rate decreased 
with increasing t and saturated at about max=55 nm shift (Fig. 9.2.1.7). Interestingly, 
this curve was just a slight bit different from the same curve obtained on free standing 
films: in the latter (low constrained) case the slope and the saturation distance was only 
a little bit larger (by about 10%). This small change is probably related to the fact that 
from the point of view of the stresses the constraint due to the influence of the substrate 
is less important than the stresses of different sign rising on the Ag and Au sides of the 
diffusion couple and present in both high and low constrained cases above. Thus, the 
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saturation levels obtained in initially pure samples do not correspond to the ones 
expected for complete intermixing and further mixing takes place only if fresh samples 
are produced. Thus we can conclude that if the faster component is outside then the 
stress gradient developed is such that the additional flux created by this would like to 
compensate the initial difference of the GB fluxes [see Eq. (2)] and, if it can not fully 
relax, it will diminish the DIGM velocity and will also change the composition in the 
DIGM zone.  
 
Fig. 9.2.1.7 Average migration distance of boundaries in the gold layer in 
Ag/Au/substrate specimen as a function of the square root of the annealing time at 
250
o
C [38]. 
In order to understand better the reason of the slowing down in Ag/Au/substrate 
system new samples, with approximately the same initial compositions as the observed 
saturated values at 170  °C, were prepared [60]. The concentration–depth profile of this 
Ag(27% Au)/Au(31% Ag)/substrate as-deposited sample is shown in Figure 9.2.8a. The 
sample was annealed at 170 °C for different times and the concentration–depth profiles 
are shown in Figure 9.2.1.8b. It is clear that there is still intermixing on both sides 
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reaching higher saturation levels (see Figure 9.2.1.8.c). Thus, the saturation levels 
obtained in initially pure samples do not correspond to the ones expected for complete 
intermixing and further mixing takes place only if fresh samples, free of diffusion 
induced stresses, are produced. In [60], beside the stress effects, constraints due to a 
finite-size effect were also cited as a possible reason of slowing down. For thin films, 
the second derivative of the atomic fraction along the GBs should gradually decrease 
(because of the reflections from the film boundaries) and thus the interface velocity can 
also gradually decay, since it is proportional to the second derivative of the composition 
(see also Eq. (3.9.)). Nevertheless, it is interesting that estimations for the saturation 
values, using expressions (3.15) and (3.24) with initial compositions corresponding to 
the freshly prepared Au(Ag) and Ag(Au) films in the experiments shown in Fig.9.2.8, 
gave a very reasonable agreement with the experimental results. Thus the new 
saturation values indicated that probably the gradual decline of the second derivative is 
important [60]. 
We can summarise the above results as  
i) in binary films the first step of homogenization results in a composition 
as predicted by Eqs. (3.15) and (3.24) only if the slower component was 
deposited onto the substrate. In this case the temperature dependence of 
the compositions in the alloyed zones followed the expected temperature 
dependence of the DA/DB ratios. In the reversed sequence the 
concentration in the low melting point component was higher, which 
contradicts to the predicted inequality of the atomic fractions.  
ii) it is observed that the shift of the GBs during DIGM gradually slowed 
down and stopped at a certain cocentration level 
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iii) in addition to effects of ii) only the first step of the homogenization 
cascade was observed,  but by preparing a new thin film couple with 
initial compositions obtained at the end of the first cascade, the next step 
i.e. further homogenization was observed. 
The above deviations from the predictions obtained from the simple steady state 
approximation, by assuming a full relaxation of diffusion induced stresses, were 
interpreted with possible accumulation of remaining stress field and finite size effects.                         
 
Fig. 9.2.1.8 Concentration –depth profile of Ag(27%Au)/Au(31%Ag))substrate system, 
(a) as-deposited, (b) annealed at 170  °C for different annealing times and the average 
concentration of Au and Ag inside the Ag and Au layers versus annealing time at 170  
°C in initially pure Ag/Au as well as Ag(27% Au)/Au(31% Ag) bilayers (c) [60]. 
Let us close this section with two more general remarks;  
1) There are opinions in the literature (see e.g. [25] and [104]) that the 
inequality of the GB atomic fluxes can be sufficient to support the nucleation of new 
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grains. Such type of DIR certainly would require a different interpretation than that of 
offered in [26], and there is a lack of clear experimental evidences whether DIR can 
indeed be observed in the low temperature regimes, where the bulk diffusion can be 
completely neglected. 
 
Fig.9.2.1.9 Top view TEM ofAg(15nm)/Au(15nm) bilayer annealed at 150
o
C for 
5h under (a) low (1bar) and (b) high (100bar) pressure [43].   
2) It is usually assumed that high angle GBs are very effective sources and 
sinks of vacancies, thus vacancy super-saturation is not as easy as in the bulk 
interdiffusion couples. Thus, formation of GB porosity can be less probable as well. 
Nevertheless, there are observations of GB porosity formation in the literature  [105] 
[106] [107] on a macroscopic (m) scale and at relatively higher temperatures, and in a 
the very recent paper nanopore formation along Ag GBs and triple junctions in Ag/Au 
thin films at 150
o
 C was also published [43]. In this communication a clear experimental 
evidence was provided on porosity formation along grain boundaries in the Ag film 
during intermixing in nanocrystalline Ag(15nm)/Au(15nm)/substrate thin film at low 
temperature (at 150
o
C), where the bulk diffusion processes were                         
completely frozen out. The porosity formation, in full analogy with the classical 
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Geguzin’s experiment [108] in which a similar small hydrostatic pressure was used to 
suppress the porosity formation in bulk Cu/Ni diffusion couple, was inhibited by 
application of 100bar pressure (Fig.9.2.1.9).  
 
9.2.2. Formation of intermetallic compounds by grain boundary diffusion 
induced solid state reactions (GBDIREAC) at low temperatures 
 As it was already mentioned in Chapter 8, it was demonstrated already in the 
very early time of DIGM and DIR that intermetallic compounds can also be formed 
during DIGM and DIR [33] [86]. Interestingly enough in the past decades investigations 
in this direction, especially if one compares the huge activity in studying DIGM and 
DIR in systems forming solid solutions, were relatively rare. It is so even if the research 
activity on solid state reactions in thin film systems, in which transport along GBs 
played an important role, was quite high (see e.g. [19] and the reviews 
[22][20][109][110][111]). In recent years an increased interest raised and new results on 
cold homogenization by low temperature GBDIREAC were published (see e.g. the 
reviews [20][112]). This kind of cold homogenization has also a practical interest in 
cases when production of intermetallic compounds at moderate temperatures is desired. 
Hence the organization of this (and the next) chapters is as follows. In this chapter, we 
review those experimental results, in which answers to the following question are 
found; does the initially binary thin film evolves to the final state corresponding to the 
equilibrium phase diagram or not? Remember: in case of formation of solid solutions 
these systems usually arrived at saturation concentrations determined by the kinetic 
constraints (the ratio of the GB diffusion coefficient) and not to a fully homogeneous 
state. In the next chapters (Chs. 10.1 and 10.2) important applications will be 
summarized, including lead free soldering (Ch. 10.1.1), metallization of semiconductor 
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electronic units (Ch.10.1.2), magnetic data recording (Ch.10.1.3) as well as nanoscale 
sintering in powder mixtures (Ch.10.2).    
Turning back to the problem of the final state of cold homogenization in thin 
films, in [100]  investigations of the cold homogenization of Au/Cu thin films by using 
depth profiling with a secondary neutral mass spectrometer, SNMS, and structure 
investigations by XRD and TEM at low temperatures were carried out. It was shown 
that while the bulk diffusion was frozen, a complete homogenization took place, leading 
to formation of intermetallic phases. Different compounds formed depending on the 
initial thickness ratio. The process started with grain boundary interdiffusion, followed 
by a formation of reaction layers at the grain boundaries that led to the motion of the 
newly formed interfaces perpendicular to the grain boundary planes. Finally, the 
homogenization finished when all the pure components have been consumed. The 
process was asymmetric: it was faster in the Au layer. Fig. 9.2.2.1 illustrates the atomic 
fractions, corresponding to different film thickness ratios investigated, in the 
equilibrium phase diagram.  
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Fig.9.2.2.1 The Au-Cu phase diagram with cocentrations, corresponding to the 
film thickness ratios investigated in [100]. 
 
In Au(25nm)/Cu(50nm) samples the final state is the AuCu3 phase, which is 
partially ordered (Fig. 9.2.2.2 and 9.2.2.3). Decrease of the film thicknesses, as was 
expected, resulted in the acceleration of the process, but the final state was the same. 
Figure 9.2.2.4 illustrates schematically the process.  
 
Fig. 9.2.2.2 Concentration profiles of Au(25nm)/Cu(50nm) system a) as 
deposited sample and annealed b) at 160  °C for 1 h and c) 3 h, (d) 180 °C for 5 h, (e) 
200 °C for 10 h, (f) 330 °C for 4 h. It can be seen that the final state is a homogeneous 
sample corresponding the AuCu3 phase [100].  
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Fig. 9.2.2.3 XRD  θ–2θ patterns of Au(25nm)/Cu(50nm) samples a) as 
deposited, b) annealed at 180  °C for 5 h, c) for 10 h and d) at 200 °C for 44 h. The 
weak reflection at 23.7
o
, belonging to super lattice structure in d), indicates that the 
AuCu3 phase is partially ordered [100].  
 
Fig. 9.2.2.4.  The upper row shows the schematic picture of GBDIREAC in 
Au(25nm)/Cu(50nm) system: the cold homogenization takes part first in the Au layer 
and the final homogeneous AuCu3 state is reached by GBDIREAC in the Cu film.   
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Fig.9.2.2.5 Concentration profiles in Au(25nm)/Cu(25nm) system a) as 
deposited sample and b) annealed samples [100]. 
 
Fig. 9.2.2.6 Bright field (top view) TEM images of Au(10nm)/Cu(15nm) bilayer 
a) as deposited and c) after 1 h of heat treatment at 160  °C. The arrow indicates the area 
of formation of a new phase. Selected area electron diffraction patterns: b) as deposited 
and d) after 1 h of heat treatment at 160  °C [100]. 
It was also illustrated in [100] that changing the thickness ratio the time 
evolution also followed a pathway which was directed towards a final state in 
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accordance with the equilibrium phase diagram. It can be seen in Fig. 9.2.2.5 that in the 
Au(25nm)/Cu(12nm) sample the process is not fully finished even at 200
o
C after 20 h: , 
first (at 180
o
C after 5 h) a plateau developed in the place of Au with 50-50%at (i.e. the 
AuCu phase has been formed) which was followed here by a gradual shift of the 
concentration to get a Cu rich phase (with a mixture of Cu3Au and CuAu phases) at 
200
o
 after 20h. On the other hand, since on the Cu side close to the Si substrate the Au 
concentration is still about 15% (even at 200
o
C), which practically corresponds to 
average composition expected in the very first stage when the Au is still in the Cu GBs 
and the formation of the GBDIREAC zone would only start later (taking d=10nm for 
the grain size and =0.5nm for the GB thickness: cAu (3/d)15%). The above results 
were likewise confirmed by TEM investigations. Fig. 9.2.2.6 illustrates this in 
Au(10nm)/Cu(15nm) thin film. It can also be seen that there was no detectable change 
in the 10 nm grain size after the heat treatment. The electron diffraction patterns show 
clear reflections from Au (Fig. 9.2.2.6b) and after annealing additional peaks appeared 
corresponding to the ordered Au3Cu phase (these reflections pertained to phase formed 
near to the Au GBs, as indicated by the arrow in Fig. 9.2.2.6c) .          
If the interface velocity is constant, the average cocentration in the centre of the 
films should linearly increase with time (by gradually consuming the initial material of 
the grains) and the slope of this function is proportional to the interface velocity, v (i.e. 
to 6v/d) [94][112]. By using this simple assumption the interface velocity in both the Cu 
and Au layers were estimated from the linear increase of the average concentration (Fig. 
9.2.2.7) and its value was about two orders of magnitude larger in Au (it was about 
10
−11
 m/s) than in Cu.  
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Fig. 9.2.2.7 Dependence of the average concentration of elements on the annealing time 
at 150  °C in a) Au(25nm)/Cu(50nm), b) Au(25nm)/Cu(25nm) and c) 
Au(25nm)/Cu(12nm) systems [100]. 
Similar investigations were carried out in the Pd/Cu systems [48] [99] using the 
same techniques as in [100] and the heat treatments were carried out long enough to 
reach saturation. It was found [48] that the final states were in agreement with the 
equilibrium phase diagram, i.e. mixtures of those phase were obtained which are present 
in the phase diagram. There were four more observations of [48] and [100], which 
preserve attention.  
The first is that super-lattice reflections of the intermetallics were also present, 
indicating that the phases formed were at least partially ordered.  
Secondly, the grain sizes of the new phases were not considerably different from 
the initial values of the parent films. This can be an indication that contributions from 
DIR (when the grains of new phases can be different) and from recrystallisation caused 
alloying (when grain growth would be observed) are not significant.  
Third, the observations that there were practically no continuous thin reaction 
layers present in the vicinity of the original interface and that in the first stage of such 
cold homogenization the interface velocity was approximately constant, mean that 
during such reactions the amount of the new phase should grow linearly with time, 
indicating a linear growth kinetics. But this linear kinetics is different from the usually 
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used explanations of linear kinetics in thin film systems (where it is assumed that a 
planar layer grows linearly with time) and explained by the reaction control at the planar 
interface. In the case of GBDIREAC the linear growth rate is simply a result of the 
linear interface shift. 
Lastly, it is interesting that the zone left behind the moving interface always has 
a solute content, corresponding to one of the phases present in the equilibrium phase 
diagram and not to an atomic fraction determined by any kinetic constraint (like the 
DA/DB ratio as in the case of systems forming solid solutions). Nevertheless, there is one 
similarity between the behaviour of the systems forming solid solutions or compounds:              
DIGM/GBDIREAC is always faster on the side of the slower diffusing element. This 
can be a strong argument in favour that the unequality of the GB diffusion fluxes 
produces the primary driving force: first the DIGM/GBDIREAC starts from the GBs of 
the slower element, because they will be faster saturated by the faster element. Of 
course, this  “rule” can be breached if the two thin films in contact have very different 
grain sizes: e.g. if the grain size in faster component is considerably larger than in the 
slow one.   
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10. Applications 
10.1. Thin films  
10.1.1. Lead free soldering at low temperatures 
Low-temperature soldering is one of the central problems in the interconnection 
technology for electronic products, mainly due to nanoscale size of the joints. 
Reliability of any individual joint can control the overall lifespan of an electronic 
product, and thus the solder joints are known as the weak links in electronic products. 
Soldering involves chemical reactions between the solder and the two surfaces to be 
joined together and thus understanding the mechanism and the kinetics of chemical 
reactions between the solders and bonding elements is very important for 
interconnection technology. In addition, lead-free solders have been increasing in use 
due to regulatory requirements, plus the health and environmental benefits of avoiding 
lead-based electronic components. They are most exclusively used today in consumer 
electronics. Thus, every efforts was used for the development of lead free soldering 
technologies [113][114][115][116][117] in the last two decades. 
The direct contacts with the solders are the so-called under bump metallurgy 
(UBM) regions. Copper is the most popular choice for the surface layer of the UBM, 
mainly due to its good wetting property with solders  [114][118]. Among all the binary 
systems, the Cu–Sn is the most important one in many respects. Ag and Au are used as 
so-called finishers, whereas Ni is used as a diffusion barrier. During assembly or normal 
service of the device, the Cu layer can be consumed completely, exposing the Ni layer 
to the solder. Various lead-free solders can contain In, Zn, Bi, and other easily melted 
metals, and thus besides Cu-Sn, reactions of bonding metals with the mentioned easily 
melted metals, such as Au-Sn, Ni-Sn, Ag-Sn, Cu-In, Cu-Zn, Ag-In, etc., are likewise of 
a great interest for soldering. It is well known that a thin, continuous and uniform 
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intermetallic layer is an essential requirement for good bonding, and thus the details of 
the solder/conductor metal interactions are important for the understanding of the 
reliability of the solder interconnections and for optimization of the soldering. 
As the solder joints and adjacent regions can be heated noticeably above room 
temperature (RT), the kinetics of interphase reactions in the above mentioned systems 
was repeatedly studied in a wide temperature range [114][115][116].  
Formation of intermetallic phases, IMPs, near RT when the bulk diffusion 
processes were practically frozen, was observed in many above mentioned metal 
couples. Indeed kinetics of diffusion phase formation in nano-grained thin films, which 
is active at relatively low temperatures, is of a great interest both for fundamental 
materials science and numerous technical applications. It was also shown that grain 
boundary diffusion is a dominant transport mechanism during formation of new phases 
in dispersed polycrystalline objects [119][120][121]. However, one of the main 
problems unsolved till now is the interplay between GB diffusion and the kinetics of 
solid state reaction necessary for the formation of the new phase. Nevertheless it was 
established that low temperature propagation of IMPs occurs mainly towards the 
element with the higher melting temperature, as a rule, due to penetration of solder 
atoms through IMP by GB diffusion [115][122]. During interdiffusion in a thin bi-layer 
couple, both components rapidly penetrate through the layers and then the average 
concentration of IMP grows with time [123]. If the solder diffuses in a thick layer of the 
bonding element (Cu, Au, Ag or Ni), the IMP propagates following parabolic or linear 
kinetic law, depending on whether the diffusion or reaction limits the kinetics [124] 
[125]. 
It is worth noting that some results obtained in different studies concerning the 
growth direction of the propagating intermetallic phases, their compositions and 
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possible mechanisms contradict one another [115]. For instance, in the case of Cu–Sn 
couple, in the first studies [126] it was concluded that the Cu6Sn5 ( -phase) grows due 
to faster Cu diffusion towards Sn and it propagates towards Sn, whereas in other studies 
[127][128][129] it was shown that Sn diffuses faster and the propagation occurs towards 
Cu. One can meet similar contradictions in studies of other systems, which are also of 
interest for soldering [115]. Let us illustrate this by the examples of two systems: CuSn 
and CuAg, in which not only the compositions of the forming intermetallic phases and 
their thickening kinetics were determined, but the low-temperature (close to RT) 
mechanisms of intermetallic growth by GBDIREAC during interdiffusion in thin nano-
crystalline films were also investigated recently. Indeed, in recent years, due to new 
requirements caused by nano-sized technologies, interphase reactions were repeatedly 
studied at RT as well, because of the effective high diffusivity in thin nano-grained 
films [130]. 
 
Fig. 10.1.1.1. (a) Concentration-depth profiles of Sn(50 nm)/Ag(100 nm)/SiN sample, 
and (b) XRD pattern after 2520 h, at room temperature. It can be assured that all Sn has 
been used up and only a modest amount of Ag remained [123].  
In [123] the interdiffusion in Ag/Sn nanocrystalline thin film system (the grain 
sizes of the initial Ag and Sn films were 27 and 33 nm. respectively) was investigated at 
room temperature by means of SNMS and XRD techniques. While the final state was 
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the Ag3Sn phase (with some remaining Ag or Sn, depending on the initial thickness 
ratio, Fig. 10.1.1.1), the reaction started already during the deposition process (see 
Fig.10.1.1.2a).  
 
 
Fig.10.1.1.2 Concentration-depth profiles of Sn(50 nm)/Ag(50 nm)/SiN sample at 
room temperature: (a) as-deposited, (b) after 24 h, (c) after 48 h, and (d) after 96 h  
[123]. 
One day after the preparation, an expressed intermixing is visible: increased Sn as 
well as Ag concentrations were observed on the Ag- as well as Sn-sides, respectively. 
With increasing ageing time, the Sn diffuses into the Ag layer more than Ag into the Sn. 
The Sn concentration in the plateau region in Ag increases with the ageing time and 
saturates at about 30%, which is near to the equilibrium composition of the Ag3Sn phase 
in the phase diagram. Therefore, the homogenization of this phase is reached very easily 
and some excess Sn remained. It is interesting that in the depth profiles in Figure 
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10.1.1.2 a small step near to the interface (at about 22 –28% of Sn: see e.g. Fig. 
10.1.1.2(a) –(c)) can be observed, and the thickness of which gradually increases with 
increasing the ageing time. This was interpreted by a GB diffusion controlled planar 
layer growth (see Fig. 10.1.1.3 which schematically shows, after [131], the similar case 
of planar growth of Ni2Si by GB diffusion between Ni and Si). It was found that the 
growth of the planar reaction layer was parabolic with time, while the other process, 
taking part in the region far from the initial interface, was attributed to cold 
homogenization by GDBIREAC. Thus the following interpretation (in accordance also 
with the observations of [132]), shown schematically in Fig.10.1.1.4, was offered. From 
the planar growth rate the GB diffusion coefficient was calculated (1.1x10
-16
cm
2
/s), as 
well as the interface velocity was estimated (0.22 nm/h) from the initial slope of the 
concnetration versus time plots from the GBDIREAC region (similarly as it is shown in 
Fig. 9.2.2.7).       
 
 
Fig. 10.1.1.3. Schematic model of planer growth of reaction layer by GB diffusion 
mechanism [131]. 
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Fig. 10.1.1.4 Sketch of diffusion intermixing of Sn (light green) and Ag (light blue) 
films forming Ag3Sn (red) for as-deposited and aged samples at room temperature 
(black lines illustrate the GBs in Ag3Sn). The aging time increases from (a) to (d) [123]. 
On the other hand, very recently the same Ag/Sn thin film system was 
investigated, but in a different geometry and length scale [125]. In contrast to [123], 
where finite size effects are always present due to the finite film thickness, here the Sn 
and Ag films were deposited onto a glass substrate with a small overlap. Thus in this 
case the lateral propagation of the intermetallic phase could be investigated and no finite 
size effects set up [133]. One can a bit worry about the contribution of surface diffusion, 
but it was shown in [125] that these can be avoided by using a thin carbon film as a 
coverage. It was observed (Fig. 10.1.1.5) that the Ag3Sn film grows as a continuous 
layer, bordered with sharp, planar interfaces. The kinetics of the lateral phase spreading 
obeyed parabolic growth. The important result was that the rate of this was inversely 
proportional to the grain size of Ag, d. For the interpretation of this, the authors used the 
modified model of [121], assuming that the formation of the intermetallic phase can be 
controlled either by GB diffusion or reaction rate at the Ag3Sn interface and taking also 
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into account the slight deviation of the composition of the Ag3Sn from the equilibrium 
values. Finally, they arrived at the following expressions for the time dependence of the 
thickness of the new phase, : 
      
     
  

 
 ,      (10.1.1.1) 
for reaction control and  
       
     
   

 
       (10.1.1.2) 
for GB diffusion control. Here C1 – C2 is the existence range of Ag3Sn in the phase 
diagram,   is the average atomic volume in the compound,  is the atomic volume per 
Ag atom in the Ag3Sn phase (= Sn+3 Ag), and  is the reaction rate coefficient. It can 
be seen that Eq. (10.1.1.2) indeed gives that the growth rate is inversely proportional to 
the grain size, d. Using Eq. (10.1.1.2) the values of the GB product D were calculated 
and it was found that it had Arrhenius type temperature dependence (D=8.1x10
-14
exp[(-
55.4 kJ/mol)/RT]. It is an interesting question how these results can be related to those 
of [123]? First, one has to realize that the length scales are different (nm versus m), 
and if the GBDIREAC is active on the side of the Ag the approximately planar front 
between the Ag3Sn and Ag can be the result of the knitting of the GBDIREAC zones 
and the whole growth process is indeed can be controlled by the GB diffusion along the 
Ag3Sn interfaces.               
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Fig. 10.1.1.5 Optical micrograph on successive stages of Ag3Sn phase 
propagation during lateral interdiffusion between Ag and Sn films. T = 200
o
 C, (a)  – t = 
5 min, (b) – 15 min, (c) – 30 min. Averaged grain size in Ag film l = 106 nm [125]. 
Investigations, similar to those published in [123], were carried out in the Cu/Sn 
thins film system [122] at room temperature. From a very similar analysis as shown in 
the case of the Ag/Sn system, from the planar growth rate the GB diffusion coefficient 
was calculated (2.3x10
-15
cm
2
/s), as well as the interface velocity was estimated (0.5 
nm/h) from the initial slope of the concentration versus time plots from the GBDIREAC 
region. It was emphasized in [122] that the low temperature cold homogenization offers 
a way for solid phase soldering at low temperatures (even at room temperature), i.e. to 
produce homogeneous Cu6Sn5 intermediate layer of several tens of nanometers during 
reasonable times (in the order of hours or less).   
Thus we can conclude this chapter by emphasizing that using nanocrystalline 
layers a complete homogenization can be reached during soldering at low temperatures, 
yet if the understanding of the details of the GB diffusion controlled processes, i.e. the 
interplay between the planar growth or growth by interface motion perpendicular to the 
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original interface, still call for further investigations (see e.g. [124]). In very thin 
bilayered films the GBDIREAC process results in thickening of the IMP layers and thus 
in the increase of the average concentration within the contacted films. If, however, the 
film of the bonding metal is thick, the IMP will propagate towards it, because the 
diffusivity of the solder exceeds markedly the diffusivity of the bonding material.   
 
10.1.2. Metallization (formation of silicides) 
 Metal silicides play an important role as contact materials in the ultra-large-scale 
integrated circuits (ULS IC) and complementary metal–oxide–semiconductor (CMOS) 
technologies [134][135][136][137]. The problem of controllable formation of ultrathin 
metal silicide films in the sub-10 nm regime represents a chief challenge 
[138][139][140], since e.g. the scaling of CMOS devices require reproducibly obtained 
silicide films in the 3–6nm regime. Nickel mono-silicide has many advantages over the 
other silicides due to its lower resistivity, lower formation temperature, lower 
consumption of Si during the silicidation process and no resistivity increase in a narrow 
line [134][135][136][137]. The contacts based on NiSi are usually obtained by solid 
state reaction between Ni and Si using the self-aligned silicidation process [141]. The 
preparation of contacts is currently performed in two annealing steps. First, Ni2Si or Ni-
rich phases are formed during a heat treatment by rapid thermal annealing at 280
◦
C 
(RTA1), and then the not reacted metal is removed by selective etching. As a second 
step the NiSi phase is obtained after a second high temperature rapid heat treatment at 
390
◦
C (RTA2). In addition, during annealing at high temperatures the NiSi2 phase can 
also be formed, which is a major disadvantage for its integration in devices because of 
its relatively high resistivity. In these high temperature technologies the phase 
nucleation and formation is based on a mixed contribution of bulk and grain boundary 
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diffusion processes during the rapid thermal annealing processes. In [94] a production 
scheme based exclusively on grain boundary diffusion and low temperature heat 
treatment, i.e. on cold homogenization  was presented. We trace it as a general case 
work on the application of cold homogenization for production of nanosized thin films 
of controlled composition and thickness. 
 
 Fig. 10.1.2.1 Concentration-depth profiles of  W(10 nm)/Ni2Si(20 nm)/Si; (a) as-
deposited, (b) annealed at 180 ◦C. (The neutral W layer was used as a cap layer to 
prevent the oxidation) [94]. 
     In [94] this process was reported as a way to obtain thin (5 –20 nm thick) NiSi layers 
on Si(100) substrate from magnetron deposited Ni2Si thin films at low temperatures 
(180–200oC). The time evolution of the transformation was followed by means of 
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Secondary Neutral Mass Spectrometry, transmission electron microscopy and resistance 
measurements. It was established that there exist a certain temperature-time and 
thickness-time windows inside of which the formation of NiSi takes place. Fig. 10.1.2.1 
illustrates the time evolution of the cocentration profile at 180
o
C.  It is clear that the as-
deposited Ni2Si film is homogeneous. By increasing the time of annealing, the film is 
still Ni rich until 1 h, while homogenous NiSi is formed after 2–3 h. It is obvious that 
there is no formation of planar reacted layer at the initial interface, which would be 
expected for a “normal (i.e. bulk diffusion assisted) growth”.  
 
 
Fig. 10.1.2.2 (a) Temperature-time and (b) thickness-time windows for the formation of 
NiSi [94]. 
From the investigation of the temperature and thickness dependence, it was possible to 
construct the temperature-time and thickness-time windows inside of which the 
formation of NiSi took place (Fig. 10.1.2.2). It was concluded that the formation of the 
NiSi phase  – instead of nucleating at the original Ni2Si/Si interface and growing as a 
compact planar layer with parallel phase boundaries – showed a growth process typical 
for GBDIREAC. It is worth mentioning that a closer look of concentration profiles 
between 0.5 and 2 h in Fig. 10.1.2.1 reveals that, simultaneously with the overall 
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increase of the atomic fraction in the layer, there is a small step in the Si concentration 
near to the Si substrate, which gradually diminishes with increasing time. This can be 
the effect of DIR: nearby the original interface the stress accumulation can be strong 
enough to initiate the formation of small new grains with NiSi composition, similarly as 
e.g. it was observed in the Au/Cu system [85]. Indeed the cross sectional TEM picture 
of the as deposited sample (Fig. 10.1.2.3) shows that during, even a very careful 
preparation, the sample suffered warming up (which can be equivalent e.g. to annealing 
for about 0.25 –1 h at 180◦C), and while the grain size in the 75% of the original Ni2Si 
layer is about 5 nm in the vicinity of the Si layer the grain size is much less, as it is 
expected for new grains formed by DIR. For the schematic view of the time evolution 
of the process see Fig. 9.1.2 in Chapter 9.1. From the initial linear increase of the atomic 
fraction in the midpoint of the layer, similarly as it was done on the other systems 
showing GBDIREAC (see also Fig. 9.2.2.7), the velocity of the interface shift was 
estimated to be 1x10
-4
nm/s.     
 
Fig. 10.1.2.3 TEM picture of the as deposited W(10 nm)/Ni2Si(20 nm)/Si sample [94]. 
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     In addition to the above results, important comments on the frequently used 
description of the growth process of silicides was made in [94]. Usually this growth is 
divided into two regimes: formation or nucleation and growth regimes [109] [142] [143] 
The activation energy, Qg, of growth constants, Kg, for the parabolic growth of the 
Ni2Si, was equal to the activation energy of the GB diffusion of the Ni (the faster 
component) indicating that the GB diffusion should have an important contribution 
[109] [131], even at higher temperatures than those used in [94]. In the formation 
regimes the nucleation and lateral growth of the nuclei takes place. The picture is much 
more puzzling here and sometimes even linear growth was observed: this is why 
sometimes it is called reaction rate control regime. Thus the analysis of experimental 
data is frequently carried out by the so-called linear-parabolic growth law giving a 
unified description of the linear and parabolic regimes. Although there were indications 
in the literature [109][142][144] that the nuclei can be formed and grow not only at the 
original interface, but also e.g. at triple junctions of GBs, in general not too much 
attention was given to understand the linear dependence [109]. It is important to 
mention that using experimental techniques in which only the amount of the product 
phase is detected as the function of the time (e.g. X-ray diffraction, electrical resistivity, 
etc.) one cannot know about where the new phase was formed and how it was grown. 
So the authors of [94] offered a plausible explanation for the linear growth kinetics at 
low temperatures: if the front velocity is constant, the amount of the product phase 
should grow linearly with time and the activation energy obtained from this part should 
be close to the activation energy of GB diffusion. This can also explain why the 
activation energy, Qf, obtained from the temperature dependence of linear growth 
constant, Kf, (in the x=Kft relation) is a little bit less than Qg [144] [145]. (According to 
the reaction rate control it would be expected that Qf>Qg [109][142][144][145]). Indeed 
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the normalized values of the resistance, proportional to the amount of the new phase, 
showed linear time evolution in this system and yielded similar value for the interface 
velocity in agreement with the one estimated from the linear time dependence of the 
concentration in the centre of the reacting layer [94]. In our opinion similar comments 
apply for other results obtained from investigations of solid state reactions in 
nanocrystalline systems.   
 
10.1.3. Thin films for magnetic data recording 
Nanostructured thin films and heterostructures are at the forefront of 
fundamental as well as applied research. These systems are used in almost all areas of 
both everyday life and also in high-tech applications. The family of magnetic materials 
is a well-known and diverse group for such thin films and heterostructures; magnetic 
storage applications, sensors, spintronic applications, multiferroics are just a few 
examples for that. In particular, there is a high demand for magnetic L10-FePt thin films 
with high magnetic anisotropy in perpendicular magnetic data recording [146][147] 
[148][149][150]. In several cases the desired structures are created by post-annealing 
after deposition by various techniques (e.g. magnetron sputtering, evaporation, 
PVD/CVD techniques, atomic layer deposition etc.). In most cases, these changes in the 
structure involve diffusion based processes, thus by exploiting processes like grain 
boundary diffusion, or GB diffusion induced reaction layer formation, GBDIREAC, low 
temperature processing could be reached. 
In order to get the magnetically favourable L10 phase, post annealing of the 
disordered A1-FePt phase [151], growing at high temperature on suitable substrates 
[152], can be used. Additionally the grain size and crystal orientation (texture) should 
  
 
95 
 
likewise be controlled for applications. In order to overcome these challenges several 
methods have been developed, like annealing in different atmospheres or adding a third 
element, like Ag [153][154][155][156][157][158][159], Au [153][160][161] or Cu 
[162][163][164][165][166][149][167]. In all these cases the stress effects (created either 
by substitution or by diffusion and segregation) are supposed to be the common reason 
of the decrease of ordering temperature, or the increased ordering at a given temperature 
[160][168]. 
Investigation of these processes at low or moderate temperatures can open new 
pathways for ordered structure formation and can also help understanding the main 
effects in enhancing the ordering process.  
In the past years different structures of Fe/Pt, Fe/Ag/Pt and Fe/Au/Pt thin films 
have been investigated at low temperatures. In [169] Pt/Fe/SiO2 and Pt/Ag/Fe/SiO2 thin 
films were created by dc magnetron sputtering, and the Pt and Fe layers were 15nm 
thick, while the Ag layer was 10 nm, when present. These films were then annealed for 
different times (few hours) at 593K and 613 K. At these temperatures the bulk diffusion 
could be certainly excluded. The samples were analysed by depth profiling of 
components using secondary neutral mass spectrometry (SNMS), transmission electron 
microscopy (TEM) and x-ray diffraction (XRD). The concentration profiles of the Fe/Pt 
bilayers (Fig. 10.1.3.1) showed that heat treatment at 613K resulted in mixing of the Fe 
and Pt layers. At longer annealing times the atomic fractions were even higher and the 
final state was an almost homogeneous FePt layer with about 50-50 at% composition 
(Fig. 10.1.3.1d.).  
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Figure Fig. 10.1.3.1 Composition profiles of Pt(15 nm)/Fe(15 nm)/SiO2 samples 
annealed at 613 K for different times of (a) 0.5 h, (b) 1 h, (c) 2.5 h, and (d) 4 h ([169]) 
The same annealing steps were performed on the Pt/Ag/Fe samples 
(Fig. 10.1.3.2). First the mixing of the Ag and Pt layer was observed, while some Pt 
appeared in the Fe layer. Further annealing first increased the mixing between the Ag 
and Pt layers and penetration of Pt into the Fe layer. The final state however was a bi-
layer structure with a pronounced almost pure Ag layer at the surface (in place of the 
original Pt layer) and a homogeneous FePt layer at the substrate (Fig. 10.1.3.2e.). The 
FePt phase in both cases was at least partially ordered. In case of the Pt/Ag/Fe sample 
the XRD pattern of the final state showed clear reflexion from Ag which corresponds 
well to the structure seen in the depth profiles. Notice that the Ag plateau inside the 
FePt layer in Fig. 10.1.3.2e corresponds to Ag present in the GBs, which can be 
advantageous in improving the magnetic properties.  For more details we refer to [169]. 
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Figure 10.1.3.2 Composition profiles of Pt(15 nm)/Ag(10 nm)/Fe(15 nm)/SiO2 samples 
annealed at 613 K for different times of (a) 0.5 h, (b) 1 h, (c) 1.5, (d) 3.25 h, and (e) 4 h. 
([169]) 
In [170] Fe/Ag/Pt/SiO2 samples, having the opposite sequence than the one 
shown in Fig. 10.1.3.2a, was similarly investigated at both low (         ) and 
high (         ) temperatures. The samples were analysed in a similar way as in 
the previous case. The observed process was similar for the two sequences: first the Ag 
and Pt layers mixed. The Pt content in the Ag layer reached about 30-40 at%, while 
there is also about 20 at% Ag in the Pt layer after 2.5 h at 300
o
C (Fig. 10.1.3.3). These 
values are well above what could be expected from the filling up of grain boundaries 
only and indicate the formation of the AgPt phase. Up to 2.5h at 300
o
C this Ag-Pt 
mixing is the dominant effect, only small penetration of Pt into the Fe layer was 
detected.  
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Fig. 10.1.3.3 Composition profiles of the Fe/Ag/Pt films obtained after (a) 1 h, (b) 1.5 h, 
and (c) 2.5 h at 300  °C. The symbols are for identification of the curves [170]. 
The more intensive mixing between the Pt and Fe layers started at longer 
annealing times at 340
o
C (Fig. 10.1.3.4). The Pt diffuses into the Fe layer, leaving the 
previously formed AgPt phase, reacting more and more with the Fe, and the Ag layer 
shifted to the substrate. The resulting structure after annealing at 390
o
C for 9.5h 
(Fig. 10.1.3.5) is an almost homogeneous FePt layer at the surface (in place of the 
original Fe layer) and an Ag layer at the substrate with some Fe and Pt content. The Fe 
and Pt ratio in the Ag layer is also equiatomic, suggesting the formation of FePt phase 
in the Ag layer. XRD patterns confirmed the formation of the partially ordered FePt 
phase, with well detectable Ag peak.  
 
Fig. 10.1.3.4 Composition profiles of the Fe/Ag/Pt films obtained after (a) 1 h, (b) 6 h, 
and (c) 52 h at 340  °C. The symbols are for identification of the curves [170]. 
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Fig. 10.1.3.5 Composition profiles of the Fe/Ag/Pt film obtained after 9.5 h at 390  °C. 
The symbols are for identification of the curves [170]. 
Similar investigations were carried out in Pt/Au/Fe/Al2O3(0001) system at 330
o
C 
up to 62h [47]. The annealing first resulted in the penetration of Fe into the Au layer 
and later into the Pt layer. Also Au diffusion into the Fe layer can be seen in Fig. 
10.1.3.6a-c. It can also be seen that there is some segregation of Fe at the Pt/Au 
interface and of Au at the Fe/substrate interface. After 24h annealing there is 
pronounced mixing between the Au and Fe layer (about 30 at% Fe in Au) and also Fe is 
present in the Pt layer with more than 20 at% composition (Fig. 10.1.3.6d). Further 
annealing results in a drastic change of the sample structure, the Au layer shifted to the 
substrate (in place of the original Fe layer), while the FePt layer formed at the surface. 
XRD patterns confirmed the formation of FePt (partially ordered) compound layer and 
the presence of Au layer.  
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Fig. 10.1.3.6 Composition profiles of the Pt /Au /Fe films after annealing at 330  °C for 
different times [47]. 
The above presented results were interpreted with DIGM and GBDIREAC. The 
obtained depth profiles were similar in both systems (with Ag and Au) in the sense, that 
there was no phase formation at the original interfaces, supporting that the intermixing 
and reactions took place by GB diffusion induced effects. First the Fe grain boundaries 
were filled up by Ag/Au and at the same time the Fe and Pt appeared in the Ag/Au 
layer. This suggested the formation of FePt along the Ag/Au grain boundaries, which 
further thickened by the shift of the new FePt/Ag or FePt/Au boundaries. In both cases 
the Ag as well as the Au layers finally, like markers, were also shifted. The schematic 
picture shown in Fig. 10.1.3.7 illustrates the details on the example of Pt/Au/Fe 
samples.    
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Fig. 10.1.3.7 Schematic view of the structural changes in the Pt /Au /Fe sample 
developing during annealing at 330  °C: (a) as-deposited, (b) after 4 –8 h (see Figs. 
10.1.3.6 (a) and (c)), (c) after 24 h (see Fig. 10.1.3.6e), (d) final state after 62 h of 
annealing (see Fig. 10.1.3.6f). The colours of the elements are indicated in (a), while the 
FePt phase is coloured in purple  [47].  
10.2. Nanoscale sintering processes in binary powder mixtures  
   It is well known that nanocrystalline materials show increased strength, high 
hardness, and extremely high diffusion rates [130][171][172]. Many of advanced 
materials with precisely tailored set of properties for demanding applications can be 
fabricated by sintering of nanosized powders. The sintering of nano-powders can occur 
at relatively low temperatures, and this is the main advantage compared to powders of 
micrometer sizes, which require much higher temperatures for sintering and structural 
modifications of the compacts. Nanocrystalline materials have been synthesized by a 
number of techniques, such as the inert gas condensation [173], electro-deposition, 
plasma processing [174], and mechanical alloying (MA) [175]. The advantage of MA 
lies in its power to make mass amounts of solid state materials at room temperature 
using relatively simple equipment [175].  
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In all these techniques the materials are synthesized in a non-equilibrium state. 
This departure from equilibrium, as well as the extremely small size of the grains, 
results in a large fraction of the atoms in the grain boundaries, allow producing 
enhanced combinations of physical, mechanical, and magnetic properties (compared to 
materials with a more conventional grain size). To produce such materials, as a rule, a 
mixture of two or several metals, together with some additions introduced for dispersion 
hardening or segregation at GBs, is used for sintering and thus data on interdiffusion 
between these materials and accompanying phenomena become very important for 
optimization of the process. 
We consider here some structural and composition variations caused by 
interdiffusion in binary (A and B) nano-powder compacts at low enough temperatures 
when bulk diffusion is completely frozen out. Two types of objects will be discussed: (i) 
compacts of nano-powder mixture and (ii) compacts consisting of A/B multilayers.  
For  demonstration of the main regularities, we present, as an example, the 
experimental results of [21] and [176] obtained at 300
o
C for 50:50 Cu and Ni nano-
powder mixture (powder size of 8-12 nm) and at 400
o
C for particles with multi-layered 
Cr-Ni samples, produced by MA of 18 at  % Cr and 82 at % Ni powder mixture, having 
alternating Cr and Ni layers of ~ 5 and 20 nm thick, respectively. The Cu-Ni system is 
characterized by mutual unlimited solubility of components, whereas the Cr-Ni system 
has an asymmetric miscibility gap (up to ~35 at.% Cr in Ni). The solid solution 
formation in the powder mixture compacts and multilayers was detected with standard 
methods of X-ray phase analysis on the asymmetric shape of diffraction maximum for 
the solvent component. The samples were annealed at isothermal regime and the 
duration of annealing was restricted by the condition (Dvt)
1/2
  a (Dv is the bulk 
diffusion coefficient, a is the lattice parameter). 
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It was observed that in the Cu-Ni nano-powder mixture with identical sizes of 
Cu and Ni powders, the solutions were formed on the Cu side. The shape of the Ni 
diffraction line remained practically symmetric. From the asymmetry of Cu diffraction 
lines and their variation in the sintering time the average concentration as well as the 
volume fraction of the solid solutions twere determined. 
As it is seen from the time dependencies of C(t) and t (Fig. 10.2.1), the 
process of sintering occurs in two stages. At the first stage the volume fraction of the 
solution rapidly grows (t  ). According to data on the structural evolution, active 
grain growth occurs at this stage, with the velocity of GB migration  of about Vb 
. At the second stage (t > 10
3
s) the volume fraction of solid solution grew slowly 
with practically constant average concentration (C  . The first rapid stage was 
described by interdiffusion along moving GBs due to recrystallization in nano-
compacts, caused by heterogeneous stresses produced by pressing or rolling of the 
powder mixture, as well as capillary forces. The slower second stage was caused by 
DIGM when the stresses were produced by the inequality of GB diffusion coefficients 
(see Section 3). Moving GBs leave solution behind independently of the nature of 
stresses.  
 
Fig. 10.2.1 Plots CNi (t) and (t) for Cu-Ni nano-powder compacts at 300
o
C (from 
[176]). 
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A comprehensive model of the above low temperature homogenization in A-B 
nano-powder mixture, available for semi-quantitative kinetic estimations are given in 
[21]. It is presumed that the disordered A-B powder mixtures can be regarded as being 
composed of the A and B broken lines (chains) consisting of grains of the same form 
and surrounded by grains of some other sort. Each GB in the chain can move with the 
probability 0.5 in one of the two possible directions. Using this scheme of 
homogenization, the volume fraction of the solution was calculated as a function of 
time.  
 
Fig. 10.2.2  a - Scheme of the plate A with the GB moving with the velocity Vb(v). 
Atoms B diffusing into moving GB stay in the grain interior behind the GB. 
b  – Steady state concentration distribution of atoms B in the moving GB calculated for 
various l/: 1 - 0.1;  2 - 0.5; 3  – 1;  4 – 10 [21]. 
In order to estimate the kinetics at early stages, one can analyze the 
concentration distribution in the GB migrating with velocity v, inside the plate of 2l 
width (see Fig.10.2.2a). The diffusion sources of B atoms are located at both surfaces of 
A plate. The B atoms diffusing along GBs are captured by the bulk after GB 
displacement for distance  during time ≈ /v and solid solution is formed behind 
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migrating boundary in the swept region. The diffusion equation (3.3) describing this 
process can be rewritten in the form: 
v
cq
y
c
D
t
c BBB
B
B







2
2
     (10.2.1) 
where cB is concentration of B atoms in the GB and qB is the parameter explained in 
Section 3. The second term in (10.2.1) accounts for the leakage of diffusing atoms from 
moving GB into the grain. With cB/t  steady state condition and cB(0) = cB(2l) = c0 
boundary conditions the solution of Eq. (10.2.1) is: 
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The parameter  has the meaning of the characteristic diffusion length. The ratio l/ 
controls the diffusion distribution of diffusing atoms inside the GBs and 
correspondingly the averaged concentration of the solution formed behind the migrating 
GBs. In Fig. 10.2.2b the diffusion profiles cB(y)/c0 are presented, which were calculated 
for different l/ values using Eq.(10.2.2). Using the reasonable value, l/ the 
concentration cB slightly varies along the GB length and the solid solution with 
practically constant concentration (about qBc0) is formed behind the migrating GB.  
Under the assumption that two adjacent GBs in the chain move in opposite 
directions, the increase of the average concentration with sintering time was found to be 
in good agreement with the experiments [21].  
It is worth to note that by size variation of the Cu and Ni powders, one can  
“reverse” the process of solution formation [177]. When the Ni particle size became one 
order of magnitude smaller than the Cu grains, the solution was formed on the Ni base, 
in spite of lower GB diffusivity of the Ni-atoms. 
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Fig.10.2.3. Decay of layered structure in a compact of MA Ni and Cr powders. a - 
before sintering; b - after sintering during 30 h at 400
o
C [178] . 
 
Fig. 10.2.4. Scheme of the decay of layered Cr-Ni structure: a  – the solid 
solution is formed in the hatched grain as a result of motion of two adjacent GBs to one 
another; b – the interdiffusion fluxes JNi and JCr along the interfaces  “solution-Cr” and 
“solution-Ni”  
The kinetics in the multilayered Cr-Ni system [178] was similar to that described 
above (Fig. 10.2.1) for Cu-Ni powder mixtures. At 400
o
C, with D  2 ×10-25 m2/s [22] 
and t = 30 h, the bulk penetration into the grain interior is (Dt)
1/21.5 ×10-10 m, i.e. 
smaller than the lattice parameter, and thus the solutions were formed without the 
participation of bulk diffusion. The increase of the average solution concentration and 
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the volume fraction with the sintering time took also place in two stages, similarly as it 
was discussed above. SEM study of microstructure evolution showed that the formation 
of the solid solution by migrating GBs is accompanied by the decay of the layered 
structure and by its transformation into homogeneous one (Fig.10.2.3).  
to the decay of the layers [178]. 
In Fig. 10.2.4 the scheme is presented, which explains the mechanism of this 
phenomenon. Due to the interdiffusion of Cr and Ni along two adjacent GBs inside Ni-
layer (Fig. 10.2.4a) the GBs move towards one another, forming the grain of Cr/Ni 
solution between two Ni-grains. The further growth of this grain is possible due to 
interdiffusion along the interfaces between the solution formed and the adjacent Cr and 
Ni layers (Fig. 10.2.4b). Interdiffusion of Cr and Ni atoms in the opposite directions 
along these interfaces results in their migration with solution formation behind them. 
The interfaces between solution and Cr layers move outside of solution grains and they 
become wider. The interfaces in the vicinity of the Ni grains move towards one another 
leading to separation of solution grain from adjacent Ni-grains. It results in the decay of 
layered structure with further transformation into a globular one. This process is similar 
to the well-known decay of thin rods or films under capillary forces [179]. In contrast to 
that, the decay of the layered structure is in fact caused by chemical force responsible 
for solution formation. As the solution is formed by DIGM mechanism the degradation 
of nanolayered structure can be considered as diffusion-induced decay. 
Sometimes the degradation of layered structures can essentially lower their 
functional characteristics, and thus the stability at elevated temperatures becomes an 
extremely important problem. One of the effective ways for stabilization is doping by 
nanocrystalline insoluble inclusions embedded between the layers. Nano-inclusions act 
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as pinning points for moving interfaces, hindering the decay of the layers. For example, 
the Y2O3 particles hindered the decay of multilayered Cr-Ni system [180], as well as the 
kinetics.  
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11. Open questions  
In this chapter we expose some problems of the low temperature GB 
interdiffusion and cold homogenization, which in our opinion are still not fully 
understood or are related to open questions.   
11.1. Is the steady state reached or not? 
 As it was pointed out in Chapter 3.1.1.5 an order of magnitude estimation 
showed that the saturation by cold homogenization, in films with grain sizes less than 
about 40 nm, can be reached even before the steady state is established. This indicated 
that one has to be cautious if the above estimations for the steady state bulk 
compositions are compared with experimental data, since the expressions proposed for 
the compositions of the alloyed regions are based on the steady state assumption. Till 
now, although e.g. in [60] these were used for the discussion of experimental data, there 
are no experimental investigations directly addressing this point.      
11.2. GB velocity decreases with time 
It was observed already in 1982 that the migration distance versus the time 
showed a decaying function [38] (see also Fig. 9.2.1.7), illustrating that at longer 
annealing times the GB velocity decreases and goes to zero. This behavior still calls for 
further investigations. In [38] it was also shown that the above function was not 
considerably different in thin Ag/Au film couples with and without solid substrate. Thus 
we have argued in Chapter 9.2.1 that the constraint due to the influence of the substrate 
is less important than the stresses of different sign rising on the Ag and Au sides of the 
diffusion couple and present in both high and low constrained cases. In addition to the 
effects of stress accumulation constraints due to finite-size effects can also be important 
as possible reasons of slowing down. For thin films, the second derivative of the 
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concentration along the GBs should gradually decrease (because of the reflections from 
the film boundaries) and thus the interface velocity can also gradually decay, since it is 
proportional to the second derivative of the concentration (see also Eq. (3.9.)). 
11.3. DIR at low temperatures 
It is quite a usual observation that a thin alloyed layer forms near to the initial 
interface (in the near-surface region if the source of diffusant is vapor) and have a fine-
grained structure  [181][182][183]. This DIR phenomenon was mostly observed at high 
temperatures, although in the explanation offered by Kajihara [86] he argued that the 
volume diffusion was frozen out. This model was based on a chemical driving force 
model, while in [26] the determining role of the coherency strain was proven. In 
addition, in a next paper from the Kajihara group [183] on high temperature DIR in 
Cu(Pd) (where the bulk diffusion certainly can not be neglected) the authors argued that 
the chemical driving force model (with an assumption on the maximum driving force) 
provided an acceptable explanation. Note that, in contrast to the maximum driving 
force, in [26] the  “selection by fastest growth rate” was favoured. Apart from the above 
contradictions, it is important to emphasize here the presence of a thin alloyed layer 
formed near the initial interface. There are some indications (see e.g. [86],[94], 
[123],[122],[184] and see also Fig. 10.2.1.3) that such a thin layer can also be formed, 
when other parts of the thin films are homogenized by DIGM or DBDIREAC. Hence 
the doubt arises: is it possible that the GB diffusion induced stresses alone can lead to 
nucleation of new grains (free of stresses) and thus lead to relaxation? It is clear from 
the treatment of [26] that, even with the contribution of the formation of a coherently 
stressed bulk zone, there exists a certain stress level necessary to break the coherency. 
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Probably a similar threshold value should exist for DIR initiated clearly by GB diffusion 
induced stresses alone (if it indeed can be observed).                        
11.4. Stop and go motion of GBs (meaning of  “average” velocity) 
It is well known that the GB motion during DIGM has a jerky character 
[27][58][181][86][185][186]. Note that this is not typical for DIR [86], most probably 
because of different mode(s) of stress relaxation. Thus, there is a clear problem 
regarding the meaning of experimentally determined GB velocities in DIGM or 
GBDIREAC and of course the meaning of the velocities appearing in the theoretical 
equations. Further complication can be related to the experimentally observed fact that 
the GB velocity decreases with increasing time. Thus these can only be used in average 
sense. On the other hand their values, of course with the above restrictions, can provide 
useful information on the rate of cold homogenization (at least in the initial stage: see 
e.g. Fig. 9.2.2.7).     
11.5. Determination of miscibility gaps in binary phase diagram 
It is well known that the diffusion couple technique can be widely used for the 
determination of the equilibrium phases, or miscibility gaps in the equilibrium phase 
diagram at fixed high temperatures, where the overwhelming role of bulk diffusion 
warrants the requested equilibrium in the final state. The question arises: whether thin 
film couples, implementing cold homogenization at low temperatures, can also be 
applied similarly as bulk diffusion couples or not? This can be important for the 
determination of low temperature parts of the phase diagrams. As we argued in Chapter 
9.2.2 during GBDIREAC the zone left behind the moving interface always had a 
composition, corresponding to one of the phases present in the equilibrium phase 
diagram. This indicates that a positive answer could exist for the above question. 
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However, regarding the solubility limit (the composition at which a given compound is 
in equilibrium with the corresponding solid solution) there could be a problem. For 
example, during solid state reaction in Sn/Ag/Sn diffusion couple (between 433 and 
473K) it was observed that although the two compound layers observed were the stable 
intermetallic compounds in the binary Ag-Sn system, in the region alloyed with Sn by 
DIR, the Ag phase adjacent to the  phase-Ag interface the cocentration was smaller 
than the corresponding solubility of Sn in the Ag phase [86][184] (see ys in Fig. 2 of 
[86]). A similar observation was published in nearly ideal Ni/Cu/Ni system [182]. In 
addition, it follows directly from the model of DIR published in [26] that the solute 
content in the DIR zone is determined by the critical composition, necessary for the 
accumulating stress to exceed the theoretical maximum strength of the material and not 
by the solubility limit.   
There are two further facts which can raise further doubts. First, there is a 
general observation, for systems in which DIR and DIGM were simultaneously 
observed, that the concentration of the solute is usually greater in the DIR than in the 
DIGM region, respectively [86][181][187]. Thus, it is not surprising that even at high 
temperatures in DIGM experiments the concentration of the DIGM zone was always 
lower than the concentration of the parent phase richer in the solvent (or lower than that 
corresponding to the activity of the volatile element if the experiment was carried out in 
the vapour of the fast diffusing component) [182] [179]. The concentration in the 
alloyed zone is even more clearly different from the solubility limit in case of low 
temperature DIGM: it is determined by kinetic constraints and the role of finite size 
effects can also be important.                
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